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PUBLICATION DISSERTATION OPTION

The Introduction and Background sections of this dissertation provide information
about the research background and a review of the literature. The body of this dissertation
has been compiled in the format for publication in peer-reviewed journals. Five papers
have been included in the following order. The first paper, “Effects of Sintering
Temperature on the Microstructure and Dielectric Properties of Titanium Dioxide
Ceramics,” was submitted to Journal of Materials Science. The second paper, “Complex
Impedance Study of Fine and Coarse Grain TiO2 Ceramics,” was submitted to Journal of
the American Ceramic Society. The third paper, “Effects of Manganese Doping on the
Dielectric Properties of Titanium Dioxide Ceramics,” was submitted to Journal of the
American Ceramic Society. The fourth paper, “Processing and Dielectric Properties of
TiO2 Thick Films for High Energy Density Capacitor Applications,” was submitted to.
Inter. J. Appl. Ceram. Tech. The fifth paper, “BaTiO3-SrTiO3 Layered Dielectrics for
Energy Storage,” was submitted to Materials Letters.
Another three parts related to the present research, but not included in the main
body of this dissertation, are given in the appendix. The first part is about the
investigation of donor doping on the dielectric properties of titanium dioxide ceramics.
The second part is a portion of the paper entitled “Processing and Characterization of
Hydrothermal BaTiO3 Films on Stainless Steel,” which was published in the Proceeding
of the Materials Science and Technology (MS&T) 2007 pp. 239-251. The third part is
portion of the paper entitled “Synthesis and Sintering of Nano Structured High Purity
Titanium Dioxide,” which was published in Ceramic Transactions, 2009 205 (Advances
in Energy Materials), pp, 23-30.

iv
ABSTRACT

The objective of this dissertation is to investigate the relationship between the
processing parameters, microstructural development, defect chemistry and electrical
properties of titanium oxide (TiO2) dielectrics for high energy density capacitor
applications. The effects of aliovalent dopants on the dielectric properties of TiO2
ceramics were investigated, aiming to further improve the desired dielectric properties
especially at elevated temperatures (up to 200oC). Due to the segregation of acceptor type
impurities in the starting powders, space charge polarization took place in TiO2 ceramics
with relative large grain size (≥500nm), leading to high dielectric loss and low energy
storage efficiency. Increased ratio of grain boundary resistivity to bulk grain resistivity
resulted in lower breakdown strength, as larger electric field was applied on the grain
boundaries as they became the most resistive part. Donor doping (e.g., phosphorus or
vanadium) can effectively remove the space charge layer due to charge neutralization of
positively charged defects created by donors and negatively charged defects created by
acceptors. Large area, crack free tapes were fabricated by tape-casting method using
nano-sized (~40nm) TiO2 powders. An energy density of ~14 J/cm3 was demonstrated by
testing of TiO2 thick films (~100μm).
Studies on dielectric materials were extended to BaTiO3/SrTiO3 (BST) ceramics
which were processed by lamination of BaTiO3 and SrTiO3 green tapes with a 2-2 spatial
configuration. Preliminary results showed that BST ceramics are promising dielectrics for
energy storage applications and offer compositional flexibility to achieve maximum
energy density under specified electric fields.
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SECTION

1. PURPOSE OF THIS DISSERTATION
The main objective of this Ph.D. research was to develop ceramic dielectrics for
high energy density capacitor applications.
Titanium dioxide (TiO2) was chosen as candidate dielectric material, due to its
relatively high relative permittivity (>100) and high dielectric breakdown strength (BDS,
BDS>500kV/cm for flat sample; BDS>1500kV/cm for dimpled sample). In addition,
(Ba,Sr)TiO3 (BST) ceramics were also investigated to explore their potential applications
as energy storage capacitors.
The relationship between the processing parameters, microstructures and dielectric
properties of TiO2 ceramics was investigated. Samples prepared under certain processing
conditions showed space charge polarization that greatly affected the dielectric properties
and energy storage capability of TiO2 ceramics. Characterization of the samples by
various methods including impedance spectroscopy techniques was conducted to
understand the origin of space charge polarization. TiO2 thick films were fabricated by
tape-casting method to study single layer capacitors. The effects of acceptor and donor
doping were studied to optimize dielectric properties at elevated temperatures.

2
2. BACKGROUND

2.1 HIGH ENERGY DENSITY CAPACITOR
2.1.1 Energy Storage in Capacitors. A capacitor is a passive electronic
component consisting of a pair of conductors separated by a dielectric. When a potential
difference (voltage) exists between the conductors, an electric field is present in the
dielectric. Energy is stored in the dielectric medium due to electric field. [1]. High energy
density capacitor (HED capacitor) by its name is a class of capacitor that is capable of
storing more energy in less volume and/or weight (normally > 1 J/cm3). In this
dissertation, energy density is specified as volumetric energy density in units of Joules
per cubic centimeter (J/cm3). Capacitance is a measure of the amount of electrical energy
stored for a given electric potential.

C (V ) =

dQ
dV

(1)

where:
C is the capacitance (F)
Q is the charge (C)
V is the voltage (V)
The capacitance of a parallel-plate capacitor constructed of two parallel plates with an
area, A (m2), separated by a distance, d (m), is equal to the following:
C = ε r ( E )ε 0

A
d

(2)

where:
εr (E) is the field-dependent relative permittivity (dielectric constant) of the dielectric
material (dimensionless)
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ε0 is the permittivity of free space (8.85×10-12 F/m)
The general form of the energy (W) stored in a capacitor can be expressed as:

W = ∫ VdQ

(3)

Substitute Eq. (1) into Eq. (3)

W = ∫ C (V )VdV

(4)

Substitute Eq. (2) into and Eq. (4)
W = ∫ Adε 0ε r ( E ) EdE = Adε 0 ∫ ε r ( E ) EdE

(5)

where:
E is the electric field, E=V/d (V/m)
Thus, the volumetric energy density Jvol., Jvol.=W/volume, (volume=A·d) is given by:

J vol .= ε 0 ∫ ε r ( E ) EdE

(6)

For linear dielectrics, with a field-independent dielectric constant then Eq. (6) can be
simplified as:
1
J vol . = ε 0ε r E 2
2

(7)

According to Eq. (6) and Eq. (7), it is evident that the ultimate energy density of
dielectrics is predominantly determined by the permittivity of the material and the highest
possible electric field that can be applied before dielectric breakdown occurs.
2.1.2 Dielectric Materials Used in HED Capacitors. HED capacitors are

supposed to be suitable energy sources in pulse power systems for military applications
such as electromagnetic launch system, higher power microwaves, electric armor,
directed energy laser, etc. In addition, pulse power capacitors are also needed for other
applications, such as defibrillators, X-Ray equipment, pulsed lighting, and power storage
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modules [2]. Since capacitors occupy more than 30% of the overall volume in
conventional power converters and pulse power systems, development of capacitors with
decreased volume, weight and cost is highly desired [3]. Reducing the volume of the
capacitor becomes even more important when these devices are required to be on board
of mobile platforms, such as aircraft, ships or vehicles.
In response to the ever increasing demand for fast response (discharge time in
the range of sub-microsecond to millisecond) capacitor with decreased volume,
significant progress has been made over the past decade through the development of
dielectric materials. However, the development of HED capacitor so far is still
evolutionary instead of revolutionary. The specific requirements for HED capacitor are
diversified by its particular applications. Generally, HED capacitors should have the
capability to discharge in a sub-microsecond to millisecond time frame, with operating
voltage from several to hundreds of kilovolts, and with an energy density higher than
1 J/cm3. For some special applications, an operating temperature up to 250oC is also
required. These requirements place stringent demands on the dielectric materials. A brief
overview of various types of materials commonly used or promising for HED capacitor
application is presented in this section.
2.1.2.1. Paper dielectrics. These types of HED capacitors are generally made of

special high density “Kraft paper” which is impregnated in castor oil. Energy density up
to 0.66 J/cm3 is available for lifetimes of a few thousand charge/discharge cycles. These
capacitors are suitable for “single-shot” and low repetition rate applications requiring
high voltages (up to 100 kV), high peak current (up to 1 MA), high voltage reversal
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(>20%), or some combinations of these factors [2]. The disadvantage of this type of
capacitor is its low energy density and catastrophic failure mode.
2.1.2.2. Polymer dielectrics. For this type of HED capacitors, thin layer of

metallic films are normally evaporated on the polymer (Polypropylene, Polyester,
Polycarbonate, etc.) film as electrodes [4]. High breakdown strength up to 8 MV/cm and
self-healing capability (due to evaporation of surrounding electrode materials (normally
Aluminum) around the breakdown point, the capacitor can maintain its insulting
properties can still be functional) are the two major advantages of this type HED
capacitor. However, the application of polymer based HDE capacitor is limited by low
operating (normally bellow 100oC) temperature, low peak current and low tolerance to
voltage reversal as well as high equivalent series resistance (ERS) [2]. Recently, one type
of copolymer system consists of poly(vinylidene fluoride) P(VDF) and trifluoroethylene
(TrFE) with high dielectric constant showed promising dielectric properties for HED
capacitor application with high energy density of 17 J/cm3 and discharging time below
1 μs [5].
2.1.2.3. Ceramic dielectrics. Ceramic capacitors especially BaTiO3 based multi-

layer ceramic capacitors (MLCCs) are widely used in various electronic devices due to
their high capacitance density (high capacitance to volume ratio). However, ceramic
dielectrics traditionally are not deemed as good choice for HED capacitors because of
their low breakdown strength (generally on the level of several hundred kilovolts per
centimeter or lower) and catastrophic failure mode. Since the commonly observed
breakdown events in ceramic dielectrics are often triggered by microstructural defects,
significantly improved breakdown strength (more then 1MV/cm) in ceramics has been
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demonstrated due to progress made in powder synthesis and MLCCs fabrication
processes. Consequently, greatly enhanced energy density becomes achievable when
higher electric fields can be safely applied. Energy density as high as 4 J/cm3 was
demonstrated using commercially available MLCCs with one X7R type material [6].
Further improvements in the the breakdown strength and reliability of ceramic dielectrics
will make them promising candidates for high energy density capacitors in that the
permittivity of ceramic dielectrics is generally high (K>1000 for ferroelectric ceramics)
and variable in a wide range.
2.1.2.4. Polymer-ceramic composites. Due to the absence of readily available

single phase material that can satisfy demanding requirements for HED capacitor
applications, composite dielectrics are attracting more attention by taking the advantage
of the best properties of each individual component. One promising approach is to
combine the merit of high breakdown strength of polymers and high permittivity of
ceramics into polymer-ceramic composites. Based on this approach, various polymerceramic composites have been investigated [7].
Among polymer-ceramic composites, the most widely adopted system consists
of a polymer matrix and ceramic particle fillers (0-3 configuration, “0” means isolated
ceramic filler particles, and “3” means a three dimensional connectivity of the polymer
matrix). Ideally, the ceramic fillers help to increase the effective dielectric constant of the
composite system without compromising the high breakdown strength and low loss of the
polymers. However, the goal of high dielectric constant and high breakdown strength and
low dielectric loss is not likely to be achieved all together [8]. In order to enhance the
dielectric constant of the composite, high dielectric constant ceramic fillers such as
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barium titanate (BT), lead zirconate titanate (PZT), lead magnesium niobate-lead titanate
(PMN-PT) are popular choices [9]. A large contrast (on the level of several hundred or
higher) of dielectric constant between polymer matrix and ceramic filler gives rise to an
inhomogeneous distribution of the electric field in the composites, which is believed to be
the cause of the significantly reduced breakdown strength of such composite systems [10].
Moreover, with the increase of the particle size of the filler, the probability of electric
field enhancement at the interface increases [8] lead to lower breakdown strength in such
composites that has been often observed [11].
Another factor that limits the potential improvement in energy storage of
polymer-ceramic composite is due to the fact that most of the increase in effective
dielectric constant originates from an increase of the average field in polymer matrix with
very little energy being stored in ceramic filler phase [12], as the electric field
concentrates on the material with low dielectric constant. To address this problem, TiO2
nanopowders with relatively low dielectric constant (K: ~100) was utilized instead of
other commonly used fillers with very high dielectric constant. An improved energy
density was observed in this nanocomposite in comparison with pure polymer, that was
attributed to a homogeneous particle dispersion and comparable dielectric constant
between polymer (PVDF based copolymer with K:~42) and filler (TiO2 powder, K: ~47)
[9]. Polymer-ceramic composites are attractive candidate materials for energy storage
application, maximum energy density close to 10 J/cm3 has been demonstrated in several
systems so far [9, 13, 14].
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2.1.2.5. Glass-ceramics. Glass-ceramics were investigated for their potential

application in energy storage capacitors [15]. Since these materials are prepared by a
melt-casting process followed by heat treatment to precipitate the ceramic crystalline
phase from the glass matrix, they offer unique advantages for fabrication of pore-free
materials with controlled crystalline size, towards achieving of improved breakdown
strength. In addition, the crystalline phase may lead to higher dielectric constant in glassceramics exceeding the permittivity of the glass matrix.
In the study of Na2O-PbO-Nb2O5-SiO2 system [15], dielectric constant as high as
650-850 (1 kHz) with dielectric loss ~2% in the temperature range of 25oC to 150oC was
obtained on samples treated in optimized processing conditions. One obstacle
encountered in the study of glass-ceramic system is that due to interfacial polarization
caused by vastly different dielectric constant (on the order of thousands) and conductivity
(on the order of thousands) of glass phase and ceramic phase large hysteresis loss was
observed especially under high fields (on the order of several kV/cm), resulting in fairly
low energy density (Max. 0.9 J/cm3) even though the dielectric constant (Max. 1000) and
breakdown strength (Max. 800kV/cm) of the materials predicted much higher energy
density (~3.5J.cm3 if assuming ideal linear dielectric behavior) [16].
2.1.2.6. Glass dielectrics. Breakdown strength as high as ~12MV/cm was

reported recently on a commercially available alkali-free glass, indicating a potential
energy density as high as 35 J/cm3 is possible [17]. Dielectric loss of this glass was low
(~0.5%, 100 kHz, 25oC-190oC) with reasonably high dielectric constant (~ 6), which
were attributed to alkali-free composition and highly polarizable barium ions,
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respectively [17]. Alkali-free composition and almost defect-free quality glass was
believed to be the cause of the high breakdown strength [17].

2.2. DIELECTRIC PROPERTIES IMPORTANT FOR ENERGY STORAGE
2.2.1 Dielectric Breakdown Strength. Dielectric materials used for capacitor

applications are exposed to a voltage gradient. Failure occurs when an electrical short
circuit develops across the material. Such a failure is called dielectric breakdown, and the
voltage gradient (V/m) sufficient to cause the short is termed the breakdown strength
(BDS) of the material [18].
Unlike dielectric constant, which generally locates in a relatively narrow range
for a specific material, the breakdown strength of the same material reported in different
sources could vary dramatically. This is because that experimentally determined
breakdown strength strongly depends on the microstructural features such as: porosity,
pore size, grain size, grain boundary conditions (space charge, etc.), as well as external
test conditions, such as: voltage ramp rate, frequency, sample geometric size (especially
thickness), electrode materials, electrode shape, heat dissipation conditions etc. [19].
Dielectric breakdown is a complex process. For solid materials the following
breakdown mechanisms are generally categorized: Intrinsic Breakdown, Thermal
Breakdown and Ionization Breakdown. The so-called intrinsic breakdown means that the

breakdown strength is an intrinsic property of dielectric materials, depending only on
temperature while independent of specimen size and electrode material [20]. At high
electric fields, electrons may be ejected from the electrode cathode) material or may even
be generated from the valence band. The electrons are then accelerated under the
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influence of high field, knocking out other electrons and elevating them to the conduction
band. These newly generated electrons are, in turn, accelerated by the field generating
other electrons, finally resulting in an “avalanche” of electrons concentrated over a
narrow area, causing a breakdown through a channel. Intrinsic breakdown takes place in
a very short time (10-8-10-7 second) and under very high fields (~1-10 MV/cm).
Temperature has a pronounced effect on intrinsic breakdown as it influences the electronphonon interactions. Intrinsic breakdown strength peaks around room temperature, when
electron-phonon interaction becomes intense [21].
Thermal breakdown is more commonly observed than intrinsic breakdown,
which refers to the breakdown caused by joule heating continuously generated within the
dielectric specimen, due mainly to electrical conduction and polarization, which cannot
be extracted fast enough by thermal conduction or convection [20]. The general equation
governing the balance of heat generation rate and the heat loss rate is given by:
Cv

dT
− div( K t gradT ) = σF 2
dt

(8)

where:
Cv is the specific heat per unit volume (J/m3·K)
Kt is the thermal conductivity (W/m·K)
σ is the electrical conductivity (S/m, in D.C. field, σ is the D.C. conductivity; in A.C.
field, σ should include the conductivity due to dielectric polarization loss)
F is the electric field (V/m).
Obviously, conductivity and dielectric loss are two important factors that determine the
heat generation and consequently thermal breakdown strength. Particularly in A.C. fields,
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keeping dielectric loss as low as possible is essential to increase thermal breakdown
voltage.
Ionization breakdown in homogeneous dielectric solids occurs mainly through the
mechanism of partial gas discharges, resulting from the presence of pores or cracks in
ceramics. Ionization of gases within the pores takes place due to high local electric field
concentrated around the pores [22]. This leads to local heating and generation of a
cascade of ionized charges, which transmit the heat to the surrounding material. The
resulting temperature gradients and development of thermal stresses can generate cracks,
leading to further ionization and breakdown via a thermal process, similar to the above
described thermal breakdown. Therefore, the presence of pores in dielectrics degrades the
breakdown strength, particularly in humid environments and at elevated temperatures
[21].
2.2.2. Dielectric Constant and Breakdown Strength. As briefly mentioned in

the previous section, dielectric constant and breakdown strength are two key factors that
determine the energy density of dielectrics. Ideally, dielectrics with both high dielectric
constant and high breakdown strength would be the obvious choice for energy storage.
Unfortunately, dielectrics which possess both high dielectric constant and high
breakdown strength are not readily available. Although a fundamental relationship
between dielectric constant and breakdown strength is still open to debate, many
experimental results indicate that BDS decreases sharply with increasing dielectric
constant [23]. Recently, a thermochemical model was proposed by McPherson et al. [23],
suggesting that the breakdown strength (Ebd) decreases proportional to dielectric constant
(K) -1/2 over a wide range of dielectric materials [23]. The foundation of this model is that
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the local electric field (Eloc) is greatly enhanced in high k dielectrics according to Lorentz
relation (Eloc=[(2+K)/3]E; E: externally applied electric field), tends to distort and
weaken the bond strength of polar molecules in dielectrics such that the bond becomes
very susceptible to breakage by standard Boltzmann process and/or hole capture [23]. As
the bond breaks, a neutral trap is thought to be generated with a conductive percolation
path being eventually developed leading to electrical and/or thermal breakdown of the
dielectric. Figure 2.1 shows the predicted breakdown strength and best fitting for various
dielectrics with dielectric constant ranging from 3.9 to 200.

Figure 2.1. Thermochemical model prediction of the breakdown strength as a function of
dielectric constant [25].
2.2.3. Conductivity and Dielectric Loss. Besides the dielectric constant and

breakdown strength, another important material’s property that deserves considerable
attention is the electrical conductivity. Low conductivity (<10-13 S/cm) can not guarantee
high breakdown strength (>1 MV/cm) because microstructural defects may control the
breakdown strength in some cases. However, dielectrics that have high breakdown
strength are found to have relatively low conductivity. If leakage current reaches a critical
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level under high field stress thermal breakdown would be triggered due to the joule
heating effects. Meanwhile, reducing the conductivity can also suppress the dielectric
loss especially in low frequency ranges where the loss due to the d.c. conductivity is
dominant.
Dielectric loss (loss tangent, tanδ) or so-called dissipation factor (DF) is also a
crucial parameter for capacitor performance. Power dissipated as heat is defined by the
following equation:
P = V 2ωC ( DF )

(9)

Where:
V is the voltage applied (V)
ω is the angular frequency (rad/s)
C is the capacitance (F)
DF is the dissipation factor (dimensionless).
Obviously, for HED capacitors which are expected to be used under high operating
voltage, heat generation needs to be well controlled, especially when the capacitor
operates at high frequencies (megahertz range). Temperature rise is detrimental to
ceramic capacitors since the conductivity increases exponentially with the temperature,
and increased conductivity, in turn, leads to even more heat generation. Therefore,
thermal management is identified as one of the most important areas that are critical to
the compact pulse power system [26]. Although the thermal management can be
improved by design of more efficient heat sinks, reducing of the dielectric loss is
certainly a more fundamental approach to address this issue.
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2.2.4 Other Factors. Pulse power capacitors may be required to operate at

elevated temperatures (up to 300oC) and over a broad range of frequencies. Linear
dielectrics are less sensitive to temperature, electric field and frequency variations. For
ferroelectrics, relaxors and antiferroelectrics, the temperature, electric field and frequency
dependence of their dielectric properties have to be taken into consideration. A more
detailed discussion of these issues is addressed in the following sections.

2.3. ADVANTAGES AND DISADVANTAGES OF VARIOUS CERAMIC
DIELECTRICS FOR ENERGY STORAGE

One of the most intriguing advantages of ceramic dielectrics for HED capacitor
applications lies in the fact that the dielectric constant of ceramics vary in a broad range
(typically from ~4 for SiO2 to over 10,000 for relaxor type ferroelectrics). In addition,
high temperature stability is another unique attribute of ceramic dielectrics. Therefore, in
terms of applications in elevated temperatures, ceramic dielectric is almost the only
possible choice.
Dielectric properties of polycrystalline ceramics can be tailored and optimized
by composition, impurities and/or dopants, processing parameters (e.g., sintering
temperature, time, atmosphere, heating/cooling rate and resultant microstructural features
(e.g., porosity, grain size, grain boundary conditions). Graphic representations of the
retractable energy density upon discharge are depicted in Figure 2.2 for linear,
ferroelectric and antiferroelectric materials.
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Figure 2.2. Schematic drawing of dielectric displacement (D) and electric field (E)
relationship of linear dielectrics, ferroelectrics and antiferroelectrics (energy density upon
discharge is represented by the shaded area).
2.3.1. Linear Dielectrics. For linear dielectrics, the dielectric displacement (D),

polarization (P) and dielectric constant (K) have a linear relation with the electric field
(E). When k >>1, the difference between dielectric displacement and polarization will be
very small, hence, polarization is used hereafter instead of dielectric displacement.
Dielectric constant of linear dielectrics is relatively low (generally <100) since
the polarization mechanisms are limited to electronic and ionic polarization. Both
electronic polarization and ionic polarization are effective up to very high frequencies,
~1015 Hz and 1012-1013 Hz, respectively [18]. Hence, the dielectric constant of linear
dielectrics is stable in a wide frequency range if possible contributions of dipolar and
space charge polarization are not in effect.
As discussed in the previous section, an inverse relationship between breakdown
strength and dielectric constant exists in general. In fact, linear dielectrics with relatively
low dielectric constant exhibit a breakdown strength that is in the high end for ceramics.
Breakdown strength of common linear dielectrics is listed in Table 2.1. It shows that
breakdown strengths on the magnitude of several megavolts per centimeter can be
reached even for bulk ceramics. Estimating of potential energy density of ideal linear
dielectrics (no dielectric loss) is straightforward, as long as data on dielectric constant and
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breakdown strength are known. Figure 2.3 illustrates the achievable energy density of
ideal linear dielectrics as a function of dielectric constant and breakdown strength, which
demonstrates that for linear dielectrics, breakdown strength is the dominant factor that
determines the energy density.

Table 2.1. Breakdown strength of some common linear ceramic dielectrics.
Materials

SiO2

Form

Film (Reactive pulse

Thickness

BDS

(μm)

(MV/cm)

≈1

9 (d.c.)

Reference

[27]

magnetron sputtering)
Al2O3

Film (Reactive pulse

≈1

4 (d.c.)

[27]

≈30

6 (d.c.)

[28]

≈1250

2.4

[29]

magnetron sputtering)
Al2O3

Single crystal
(dimpled geometry)

MgO

Ceramic (1-3μm grain
size, dimpled geometry)

(pulse
d.c.)

ZrO2

Doped with 10% Yttria

---

2 (d.c.)

[30]

TiO2

Ceramic (0.27μm grain

≈40

1.8

[31]

≈1.3

9 (a.c.)

[32]

size, dimpled geometry)
Mica

---
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Figure 2.3. Energy density as a function of dielectric constant and breakdown strength for
ideal linear dielectrics.
Conductivity (σ<10-13 S/cm) and dielectric loss (tanδ< 1%) are generally low for
linear dielectrics. Since conduction loss is normally the predominant loss mechanism for
linear dielectrics, good insulation property often guarantees a low dielectric loss. In
addition, linear dielectrics are more stable to changes in voltage, temperature and
frequency as compared to non-linear dielectrics, that is critical if the capacitor is required
to operate under variable conditions. Table 2.2 gives a general specification of NPO/COG
(linear), X7R (ferroelectric) and Y5V (relaxor) type capacitors according to the
Electronic Industries Alliance (EIA) standards. It can be seen that the temperature
coefficient and dissipation factor of COG/NOP class capacitor are much lower than X7R
and Y5V type of capacitors in the designated operating temperature range. Recently, H.
Ogihara et al., [33] reported the performance of one type of commercially available
COG/NOP class capacitor in the temperature range from 20oC to 320oC. Despite of its
relative low dielectric constant (34 @10 kHz), the ultimate energy density of this type of
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capacitor is reasonably good (>3 J/cm3). More importantly this type of capacitor
demonstrated excellent high temperature performance as shown in Figure 2.4.

Table 2.2. General specifications for COG/NOP, X7R and Y5V types of capacitors.
COG/NPO

X7R

Y5V

-55oC – +125oC

-55oC – +125oC

-30oC – +85oC

0±30 ppm/oC

±15%

+22% – -82%

Dissipation factor

0.1% Max.

2.5% Max.

7% Max.

@ 1k Hz

0.04% Typical

1.6% Typical

Operating temp.
Range
Temperature
coefficient (ΔC Max.)

Figure 2.4. Energy density versus bias field (left) and polarization versus electric field
(right) of COG/NPO commercial capacitor measured at various temperatures [33].
2.3.2. Ferroelectrics. Ferroelectrics represent a class of materials that possess a

spontaneous electric polarization and the direction of the polarization can be reversed by
an external electric field. Since the discovery of ferroelectricity in barium titanate
(BaTiO3) in the 1940’s, this class of materials have dominated capacitor technology, as
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up to two orders of magnitude higher dielectric constant than previously known could be
achieved [21]. Obviously, the most interesting characteristic of ferroelectrics for HED
capacitor application lies in the high dielectric constant. A survey of the recently reported
BaTiO3 ceramics and BaTiO3 based ceramics showed that dielectric constant generally
ranges from 2000 to 6000 (at 1kHz and room temperature), depending on the powder
characteristics, dopants and sintering conditions of the material [34-39]. However, high
dielectric constant measured under low electric field could be misleading for a fair
estimation of energy density, because under high electric field the dielectric constant
could drop to only a small fraction of the value obtained under low field, due to
polarization saturation. Figure 2.5 illustrates the relationship between the dielectric
constant and bias field of a X7R type ferroelectric. It can be seen that under the field of
300 kV/cm, the dielectric constant drops to about one fourth of the original value. As
shown in Figure 2.2, the slope of D-E relation decreases as the electric field increases,
since available dipoles that can align with the electric field become less and less when
most of the dipoles become oriented along the direction of the electric field.
Consequently, characteristics of field dependence of dielectric constant are critical for
ferroelectrics, and it would be desired to shift the occurrence of saturation polarization to
higher electrical fields (on the level of hundreds of or even thousands of kV/cm).
Traditionally, due to low breakdown strength (<500 kV/cm), BaTiO3 based
ferroelectrics are not considered as suitable candidate dielectrics for HED capacitor
applications [33]. However, attributed to the progresses made in the powder synthesis and
ceramic processing technology, MLCCs with thin dielectric layers (state of the art
technology now can produce MLCCs with dielectric layer less than 1μm [40])
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demonstrate significantly enhanced breakdown strength (Table 2.3). As a result, it is
necessary to revisit the energy storage capability of ferroelectric based MLCCs fabricated
by advanced recent technologies.

Figure 2.5. Dielectric constant (k) as a function of bias field for a X7R type capacitor
with various dielectric layer thicknesses [5].
Table 2.3. Breakdown strength of BaTiO3 based X7R type dielectrics.
Base

Powder

Grain

Dielectric

Breakdown

materials

synthesis route

size

layer

strength

(μm)

thickness

(MV/cm)

References

(μm)
BaTiO3

Oxalate

0.1-0.25

4.8

1.1

[40]

process
BaTiO3

---

---

6.0

1.4

[41]

BaTiO3

---

<1

20

0.9

[6]

The breakdown strength of MLCCs decreases substantially with the increase of
the dielectric layer thickness as shown in Figure 2.6. This phenomenon could be
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explained by the well-known “weak link” theory, because the thicker the dielectric layer,
the higher the possibility of the presence of defects that can intrigue the breakdown
phenomenon. Therefore, if high breakdown strength can only be achieved in capacitors
with very thin dielectric layer, the operating voltage of the capacitor would be limited.

Figure 2.6. Breakdown field vs. dielectric layer thickness for BaTiO3-Ni MLCCs (each
data point represents ≥ 25 individual chips) [41].
The dielectric loss of ferroelectrics is higher than that of linear dielectrics (Table
2.2). Besides the conduction loss, hysteresis loss is critical for ferroelectrics. Thus,
controlling the shape of the hysteresis loops becomes important for ferroelectrics in order
to achieve high energy densities. In general, a “narrow” hysteresis loop is preferred to a
“broad” one; as a “broad” hysteresis loops means that much of the stored energy would
dissipate as heat that is not retractable upon discharge. The shape of the hysteresis loop
can be modified by compositional design, for instance changing the barium to strontium
ratio in BaxSr1-xTiO3 system as demonstrated in Figure 2.7.
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Figure 2.7. Hysteresis loop of BaxSr1-xTiO3 ceramics measured at room temperature
and 1 kHz: (a) x=0.65, (b) x=0.8, (c) x=0.9 [42].
Pure BaTiO3 goes through a series of phase transitions as temperature changes,
in particular accompanied with the phase transition from ferroelectric tetragonal phase to
cubic paraelectric phase around 120oC (Tc, Curie temperature), there is a sharp peak of
dielectric constant. Thus, for practical applications BaTiO3 is modified by various
dopants of so called “depressor” and “shifter”, in order to broaden and shift the Curie
peak close to designated operating temperature range.
Not only is the dielectric constant of ferroelectrics greatly affected by
temperature, but also the dielectric loss and conductivity. At elevated temperatures due to
increased loss and conductivity, degradation of the energy storage capability is expected.
In H.Ogihara and coworkers’ research [33], this phenomenon was exemplified by a
commercial X7R type capacitor as shown in Figure 2.8.
2.3.3. Relaxor Ferroelectrics. Relaxors are a class of ferroelectrics that have a

diffuse, frequency dependent permittivity maximum, with a relaxation spectrum much
broader than Debye-type [43]. Relaxors generally have higher dielectric constant
(>10,000) than normal ferroelectrics, and its dielectric constant maximum at TC is also
broader than normal ferroelectrics. Another interesting characteristic of this class of
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dielectrics is that densification of material can be achieved at lower temperatures [21].
Consequently, relaxors have the advantage to be used in MLCCs with base metal
electrodes [44].

Figure 2.8. Energy density vs. bias field (left) and polarization vs. electric field (right) of
a commercial capacitor X7R with base metal electrode [33].
The dielectric properties of relaxors are quite sensitive to temperature, electric
field and frequency variations. For example, the dielectric response of
0.925Pb(Mg1/3Nb2/3)O3-0.03Pb(Zn1/3Nb2/3)O3-0.045PbTiO3 (PMN-PZN-PT) ceramics
was investigated under various external electric field [45]. Under high d.c. bias both the
dielectric constant and dielectric loss were suppressed and frequency dispersion reduced
as shown in Figure 2.9. Fine grained relaxor type [(Pb0.63Ba0.37)(Zr0.7Ti0.3)O3]
+10mol%Pb(Mg1/3Nb2/3)O3 (PBZT) ceramics showed less capacitance variation and
lower dissipation factor under d.c. bias voltage and oscillation voltage in comparison with
BaTiO3-based ferroelectrics as shown in Figure 2.10. [46]. The breakdown strength
reported in this study is 590 kV/cm for a capacitor with a dielectric layer thickness of
3.2μm. Unfortunately, the energy density was not reported in this paper for PBZT-based
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ceramics. Since there is a lack of the breakdown strength data for many of the relaxor
type dielectrics, further investigations would be needed to explore the energy storage
capability of relaxor type dielectrics.

Figure 2.9. Dielectric constant and loss factor of PMN-PZN-PT ceramics as a function of
temperature for various d.c. bias conditions [45].

(a)

(b)

Figure 2.10. (a) D.C. bias voltage dependence of capacitance of PBZT-based and BaTiO3
based capacitor. (b) Oscillation voltage dependence of dissipation factor of PBZT
and BaTiO3 capacitors [46].
2.3.4. Antiferroelectrics. Antiferroelectrics attracted increasing attention for

their potential application in energy storage because of their unique capability of
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undergoing a field induced transition from antiferroelectric (AF) to ferroelectric (FE)
state. The potential energy gain of antiferroelectrics in comparison with ferroelectrics
could be substantial due to the absence of remanent polarization and if the onset of the
AF to FE transition can be probably delayed (move to the field on the level of hundreds
of kV/cm or higher) [47].
Recently, it was demonstrated that Sr-doped PbZrO3 [48] and La-doped PbZrO3
[49] have improved energy storage capability close to 15 J/cm3 at room temperature.
However, it was also reported that energy density dropped to about half of the room
temperature value at 210oC and the energy storage efficiency also reduced to about 70%
at 210oC, indicating that the energy storage performance of antiferroelectrics at elevated
temperature require further improvement [48].
Fatigue and degradation are two major problems associated with long-term
application of ferroelectrics and antiferroelectrics for energy storage. Degradation of the
ferroelectric properties was observed upon repeated reversals of polarization which
appeared in the form of a decrease in remanent polarization or saturated polarization [50].
Many possible causes of fatigue were proposed such as gradual reorientation of
domains to a more stable configuration [51], domain wall pinning due to injection of
charge carriers [52], space charge buildup within the dielectric/electrode interface [53],
and microcracking caused by a large change in strain during switching [54]. Degradation
of resistance of ferroelectric ceramics was also observed and it was mainly attributed to
the migration of oxygen vacancies under electric field [55].
Since ferroelectrics and antiferroelectrics also show piezoelectric properties, the
possibility of crack formation subject to an alternating electric field is another challenge
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for their application in capacitor applications. In particular, for antiferroelectrics, there is
a large longitudinal strain caused by field-induced phase transition [56].

2.4. DIELECTRIC PROPERTIES OF TITANIUM DIOXIDE (TiO2)

Due to its balanced dielectric properties (medium dielectric constant and high
breakdown strength), TiO2 is considered as a potential candidate material for HED
capacitor application. The dielectric constant of single crystal rutile TiO2 at room
temperature in the c-direction is 170 and 86 in the a-direction [57]. For randomly
orientated polycrystalline rutile TiO2, dielectric constant is ~100 [58]. Although the
dielectric constant of TiO2 is at the high end for linear dielectrics, it is significantly lower
than that of ferroelectrics. Therefore, the improvement of energy density will mainly
depend on the improvement of the breakdown strength along with lowering electrical
conductivity and dielectric loss.
The breakdown strength of TiO2 ceramics was found to have a strong
dependence on grain size. Breakdown strength of TiO2 ceramics with a grain size ranging
from 0.27μm to 11μm were studied by Ye [59]. Between the breakdown strength and
grain size, a relation BDS∝G-1/2 (G is grain size) was found. The highest breakdown
strength reported in this study is ~1700 kV/cm, indicating a potential energy density
~15J/cm3 (assuming the dielectric constant ~110 and no dielectric loss). Improved
breakdown strength of TiO2 with fine grain size was attributed to higher grain boundary
density (thus possibly more electron blocking centers), however, no detailed discussion
was provided [59].
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The dielectric properties of TiO2 are quite sensitive to processing conditions
such as oxygen partial and temperature [58], as well as the presence of intrinsic
impurities and/or dopants [60, 61]. Hence, optimization of ceramic processing conditions
and introducing of appropriate type and amount of dopants are two important strategies to
achieve the desired electrical properties of TiO2 ceramics required for the HED capacitor
applications. TiO2 is prone to be reduced if sintered in low oxygen partial pressure or
even in air atmosphere, leading to n-type properties with electrons as predominant charge
carriers. This process can be expressed by the following defect reactions:
1
..
O2 + VO + 2e '
2

(10)

2OO + TiTi = Tii••• + 3e' + O2

(11)

2OO + TiTi = Tii•••• + 4e' + O2

(12)

Tii••• = Tii•••• + e '

(13)

OO =

Previous researches reported that the effect of aliovalent ions, (as impurities or
as dopants), on the concentration of electronic charge carriers and related electrical
properties depends on both temperature and oxygen activity. In acceptor doped TiO2 the
following defect reactions could take place (A refers to acceptor type dopant with valance
state 3+):
2 A2O3 + TiO2 = 4 ATi' + Tii•••• + 8OOX

(14)

A2O3 = 2 ATi' + VO•• + 3OOX

(15)

(low PO2)

When donor type dopants are introduced, charge neutralization could be maintained by
the following defect reactions (D refers to donor type dopant with valance state 5+):
2 D2O5 = 4 DTi• + 10OOX + VTi''''

(16)
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D2O5 = 2 DTi• + 5OO + 2e'

(17)

The observed effect of aliovalent ions increases with the decrease of temperature and the
increase of oxygen activity [62]. According to trend shown in Figure 2.11, even very low
concentration of impurity ions and/or dopants can have a substantial influence on the
conductivity of TiO2 at room temperature. Hence, controlling the effect of impurity ions
by introducing of dopants is critical for reducing the electrical conductivity of TiO2
dielectrics.

Figure 2.11. Isothermal plots of the critical value of the effective concentration of the
acceptors as a function of temperature for TiO2 (critical value means that above this
concentration, the presence of acceptors would have a substantial
influence on conductivity) [62].
Most of the recent investigations on dielectric properties of TiO2 ceramics were
focused on the microwave dielectric properties, especially dielectric loss [63, 64]. Both
sintering atmosphere [63] and various dopants [64] were found to have a great influence
on the dielectric loss of TiO2 ceramics. Increased quality factor (Q, Q=1/tanδ) was
obtained on TiO2 ceramics annealed in oxygen atmosphere [63] or doped with divalent or
trivalent cations with ionic radius between 0.5-0.95Å [64]. Although these results were
obtained in the microwave range, the dielectric loss in lower frequencies (< MHz) may
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also be controlled by these factors, since dielectric loss is believed to be caused by the
same origin: oxygen vacancies.
TiO2 ceramics with nano-sized grains can be fabricated by a variety of
techniques such as spark plasma sintering [65] and hot pressing [66]. With the readily
available nano-grain sized samples, the effects of grain size on the electrical
transportation phenomenon of TiO2 ceramics have been investigated [67, 68]. Enhanced
electrical conductivity (two orders of magnitude higher) was found in nano-grain sized
(~50nm) samples in comparison with microcrystalline (~260nm) samples, which was
attributed to lowered grain boundary resistivity due to lowered grain boundary solute
density when grain size is small [67]. Enhanced conductivity was also observed in the
study of TiO2 ceramics with grain sizes of ~35nm when comparing with TiO2 ceramics of
~1000nm grain size [68]. In addition, for nanocrystalline TiO2 ceramics because of high
grain boundary density, ionic conductivity became evident [68]. In considering of these
results, it is important to find out an optimized grain size range in which TiO2 ceramics
could possess lowest conductivity and highest breakdown strength.

2.5 SUMMARY

There is an immediate demand for fast response capacitors with significantly
reduced volume for pulse power applications. Permittivity and dielectric breakdown
strength are two vitally important materials’ properties that determine the energy density
of capacitors. Electrical conductivity and dielectric loss also have a great impact on the
energy storage capability of dielectrics.
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Traditionally, polymers are commonly used as dielectrics in HED capacitors.
However, their low permittivity limits their potential applications in high energy density
capacitors particularly at high operating temperatures.
Ceramic dielectrics possess high permittivity and are capable of operating at
elevated temperatures. The most important drawback of ceramics lies in their relatively
low breakdown strength. Since the dielectric breakdown of ceramics shows a strong
dependence on their microstructural features, such as residual porosity and grain size,
improved performance can be achieved by optimizing of microstructural development
through better ceramic processing techniques.
Various types of dielectrics (linear, ferroelectric, antiferroelectric) have their
own advantages and limitations for energy storage. Selection of most appropriate type of
dielectric depends on the specific operation conditions. In this dissertation, dielectric
properties of TiO2 ceramics were studied to explore their potential application in HED
capacitors. Nano-sized staring powders were used in order to reduce the sintering
temperature so as to minimize the loss of oxygen. Emphasis was placed on investigating
of the dielectric properties of TiO2 with respect to material processing conditions and
microstructural development. In addition, doping studies with various aliovalent dopants
were conducted to improve the dielectric properties at elevated temperatures. By using of
nano-sized starting powders, tape-casting method for processing of TiO2 thick films was
explored in order to pave the road for fabrication of prototype MLCCs.
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Abstract

Nanostructured (~200nm grain size) titanium dioxide (TiO2) ceramics were densified at
temperature as low as 800oC by pressureless sintering in pure oxygen atmosphere. Phase
transition and microstructural development of sintered samples were studied by X-ray
diffraction (XRD) and scanning electron microscopy (SEM). Dielectric properties
including d.c. conductivity, dielectric constant, loss tangent and dielectric breakdown
strength (BDS) were determined for samples sintered at various temperatures. The
influence of sintering temperature on the microstructural development, defect chemistry
and dielectric properties of TiO2 is discussed. Nanostructured TiO2 ceramics with high
sintering density (>98%) lead to improved dielectric properties; high BDS
(~1800KV/cm), low electrical conductivity (~5×10-15 S/cm), high dielectric constant
(~130) and low loss tangent (~0.09% at 1kHz), promising for application in high energy
density capacitors.
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Introduction

TiO2 as one of the widely used metal oxides has broad range of applications, including
pigments, gas and humidity sensors, catalyst support, solar cells and capacitors [1-6]. As
a dielectric material, TiO2 combines the merit of both relatively high dielectric constant
[7] and high BDS [8] which are two important parameters for capacitors with high energy
density. Therefore it has the potential to be utilized in high energy density capacitors, in
that the energy density of dielectrics is mainly determined by dielectric constant and BDS.
Fig. 1 shows the relationship between the electric displacement (D, C/m2), electric field
(E, V/m) and volumetric energy density (W, J/m3) for ideal linear dielectrics. If the
dielectric constant of the material is >>1, polarization (P, C/m2) is used instead of
dielectric displacement.
Although TiO2 has been widely studied with respect to synthesis of nanosized powders
[9,10], thin film fabrication [11,12] and sintering of nanostructured TiO2 ceramics [1315], little attention has been paid on dielectric properties of nanostructured bulk TiO2
ceramics. It is well known that the properties of electroceramics are affected by their
microstructural features (such as grain size, porosity, secondary phases) and defect
structure (such as point and electronic defects). The objectives of this study are to
investigate the effect of sintering conditions on the microstructural development and
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dielectric properties of TiO2 ceramics for potential application in high energy density
capacitor.

Experimental

Sintering studies of TiO2 were conducted using nanosized TiO2 powders (Nanophase
Technologies Corporation Romeoville, IL). Powder characteristics and main impurities
(from the product data sheet) are shown in Table 1 and 2. Green compacts were prepared
by uniaxial pressing of powders (without binder) at ~100MPa followed by cold isostatic
pressing at ~300MPa . Sintering of the samples was conducted at various temperatures
(700oC-1000oC) in pure oxygen (1 atm.) for 12hrs with a heating and cooling rate of 4
and 5oC/min, respectively. Sintered densities were determined by Archimedes’ method
using water as immersion liquid and assuming theoretical densities of anatase 3.89g/cm3
and rutile 4.25g/cm3 [14]. Phase evolution of the samples at various temperatures was
determined by XRD (Philips X’Pert, Holand). Microstructural development of as-fired
fracture surfaces was observed by SEM (Hitachi S4700, Japan). Grain size of the samples
was determined by linear intercept method by counting of at least 100 grains of SEM
images.
For electrical measurements, the samples (~10mm diameter and ~0.8mm thickness)
were polished using 5μm diamond suspension and electroded with silver paste as top and
bottom electrodes. Electrical properties were measured in a temperature controllable
Delta 9023 environmental chamber (Delta Design, Inc. San Diego, CA, USA) in air. D.C.
conductivity measurements were performed using Keithley 6517 Electrometer (Keithley
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Instruments, Cleveland, USA). Dielectric constant of the samples was calculated
according to the capacitance measured with Solartron 1260 impedance analyzer
connected with Solartron 1296 dielectric interface (Solartron analytical, Hampshire,
England) in the frequency range of 1 Hz to 1 M Hz and voltage amplitude of 1 V.
Polarization as a function of electrical field was measured with a ferroelectric tester
(RT6000, Radiant Technology, NM, USA). For BDS measurements, d.c. voltage was
supplied by a Spellman SL30 high voltage generator (Spellman high voltage electronics
corporation, New York, USA), with a fixed ramp rate of 250V/sec. A dimpled electrode
configuration was employed for BDS measurements (Fig. 2.) to ensure that maximum
electrical stress is concentrated at the thinnest point (~80-100μm) of the sample. This
sample configuration allowed to measure intrinsic BDS of the samples by eliminating of
electrical field enhancement at the electrode edges [16]. A more detailed description of
sample preparation and BDS measurements is given elsewhere [17].

Results and Discussion

Microstructural Development

Relative densities of TiO2 ceramics sintered at various temperatures are shown in Fig. 3.
A sintering density of 97.3 % was obtained at 780oC, further increase of the sintering
temperature up to 1000oC lead to nearly full densification of the samples. Although TiO2
nanopowders have been densified at even lower temperatures (700oC by spark plasma
sintering [18] or 400oC by hot-pressing at very high pressures [14]), in present study
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highly dense TiO2 ceramics were obtained by conventional pressureless sintering at
800oC. Enhanced sintering of the samples is attributed to nanosized starting powders and
well-compacted (~ 60% packing density) green pellets after isostatic pressing. As shown
in Table 3, a high green density led to a high sintering density as it applies for
densification of most ceramic materials.
Fig. 4 shows the microstructure of TiO2 ceramics with a grain size ranging from
~0.15μm for samples sintered at 700oC to ~2.70μm after sintering at 1000oC. Residual
porosity is observed in samples sintered at temperatures below 800oC (Fig. 4 (g) and (h))
in accordance with the density measurements. The samples sintered at lower temperatures
revealed a uniform grain size, whereas a bimodal grain size distribution was observed in
samples sintered at higher temperatures, indicating that the grain growth occurred
according to Ostwald-ripening mechanism.
Fig. 5 shows XRD patterns of TiO2 samples sintered at various temperatures. Weak
intensity peaks corresponding to the remaining anatase phase (JCPDS 73-1764) were
identified in the sample sintered at 700oC while samples sintered at temperatures equal to
or higher than 750oC showed the rutile phase (JCPDS 21-1276). The temperature of
anatase to rutile phase transformation is reported to be ~915oC [19]. In the present study,
greatly reduced phase transition temperature is attributed to nanosized starting powders
with high specific surface area. Similar results were obtained in a study by Eastman [20],
that reported the completion of anatase to rutile transformation of TiO2 nanosized
powders between 650oC and 800oC.
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Dielectric Properties

Dielectric properties were measured on selected samples sintered at 700oC, 800oC, 900oC
and 1000oC (named as T7, T8, T9 and T10, respectively afterwards). The frequency
dependence of dielectric constant and loss tangent of these samples measured at room
temperature are shown in Fig. 6. While the dielectric constant of sample T7 decreased
from 133 at 1 Hz to 113 at 100 kHz, a more stable frequency dependent dielectric
constant was observed in case of sample T8. In the frequency range from 1 Hz to 100
kHz, dielectric constant of sample T8 decreased slightly from 134 to 133. Relatively
large variation in dielectric constant of sample T7 is attributed to high d.c. conductivity
that led to high apparent dielectric constant and high loss tangent at low frequencies.
Because of the lower sintering density of sample T7, the intrinsic dielectric constant
measured at high frequency (100 kHz) was ~15% lower than that of sample T8.
Unlike low temperature sintered samples (T7 and T8), the dielectric constant of sample
T9 and T10 was found to have a strong dependence on the measuring frequencies. At low
frequencies (1-1 kHz), the dielectric constant of T9 and T10 exceeded the intrinsic
dielectric constant of randomly orientated polycrystalline TiO2 ceramics [21]. With
increasing frequency, the dielectric constant gradually decreased and finally reached a
plateau with K: ~133, matching the dielectric constant of sample T8. High dielectric
constant at low frequencies may arise from a polarization mechanism other than
electronic and ionic polarizations. As the external stimulus frequency increases, this
polarization mechanism gradually lag behind and damp out, resulting in a decrease of the
dielectric constant as the frequency increases.
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As shown in Fig. 6 (b), accompanied with this dielectric constant anomaly, a
pronounced loss tangent peak was observed for samples sintered at higher temperatures
(T9 and T10). It is attributed to the polarization mechanism that contributes to both
dielectric constant and dielectric loss. According to the frequency range at which this
relaxation process took place, it is likely to be caused by the space charge polarization.
The loss tangent measured from 25oC to 200oC is shown in Fig. 7. For sample T7, the
lowest loss was measured at 100oC instead of 25oC, that was caused by the influence of
humidity. With further increase of the temperature, loss tangent increases due to higher
electrical conductivity. For sample T8 with high sintering density, the loss tangent
increases gradually with the increase of temperature so that the measurement was not
influenced by humidity. A decreasing of loss tangent with increasing frequency indicates
the dominance of conduction losses. In case of TiO2 samples sintered at higher
temperatures, the loss peak found at room temperature still exists at high temperatures
and shifts towards higher frequencies with increasing temperature. At the same time, the
magnitude of the loss peak increases with increasing temperature. This observation shows
that the relaxation process is thermally stimulated and the enhanced magnitude of loss
peak indicates increased number of charge carriers involved in this process.
By determining the position of characteristic frequency (fp) of the loss peak, angular
frequency (ωp, ωp=2πfp) was calculated. The temperature dependence of angular
frequency was found to followed the Arrhenius law as shown in Fig. 8,

ω p = ω0 exp(

− Ea
)
κ BT

(1)

where ω0 is the pre-exponential factor, Ea is the activation energy and κB is the
Boltzmann constant. Activation energies of 0.41eV and 0.48eV were obtained from
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sample T9 and T10, respectively. These values are close to the reported activation energy
for electron hopping process [22].
It is interesting that this relaxation process can only be found in TiO2 sintered at high
temperatures. The presence of space charge polarization indicates nonuniform resistivity
within the microstructure of the samples. Since no secondary phase was identified by
XRD and SEM, grain boundaries are very likely to be the region where charge pile-up
takes place due to resistivity discontinuity. With the increase of sintering temperature, the
grain size becomes larger whereas grain boundary density (defined as grain boundary
surface area per unit volume) decreases. Therefore, TiO2 ceramics sintered at higher
temperatures with larger grain size would have higher impurity concentration at grain
boundaries as aliovalent dopants/impurities tend to segregate at the grain boundaries due
to the elastic strain energy and electrostatic driving force [23].
TiO2 starting powders have ~0.1 wt% of impurity concentration, with Fe, Mg, Ca, Al
as main foreign ions (Table 2). Since the ionic radius of these elements (Fe2+: 0.74Å;
Fe3+: 0.64Å; Mg2+: 0.66Å; Ca2+: 0.99Å; Al3+: 0.51Å) is close to the ionic radius of Ti
(Ti4+: 0.68Å), substitution of Ti lattice can take place. Hence, segregation of impurity
ions at the grain boundaries is expected after high temperature sintering. When the
impurities ions substitute the normal titanium site, point defects of MTiˊ or MTiˊˊ (M
represents Fe, Mg, Ca, Al) could lead to formation of negatively charged grain boundary
cores generating an electron depletion layer in the nearby space charge region. In the
study of Y2O3 doped TiO2, due to Y segregation to the grain boundaries, negatively
charge YTi’ defects gave rise to the space charge effect [24].
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In order to explore this assumption, high temperature impedance spectroscopy
measurements were conducted and presented as Cole-Cole plot (Fig. 9). For sample T8, a
single semi-circle was obtained, while a small peak at lower frequencies was also
observed. On the contrary, in case of the samples T9 and T10, their impedance responses
clearly show two suppressed semi-circles. An equivalent circuit consisting of two parallel
capacitor (R) - constant phase element (CPE) connected in series can be used to represent
the electrical response of the dielectric (insert in Fig. 9). The first high frequency R1CPE1 circuit was attributed to the grain interior response, whereas the second low
frequency R2-CPE2 circuit was attributed to the grain boundary response, determined by
their capacitance values. It is revealed that the resistance of grain interior dominates in
sample T8. With the increase of sintering temperature, contribution of grain boundaries to
the total resistance of the dielectric increases. Values of grain interior resistivity (ρg),
grain boundary resistivity (ρgb) and their relative ratio were calculated by the following
equations [25]:
ρ g = Rg

ρ gb =

A
L

RgbC gb
Rg C g

(2)

ρg

(3)

where A is the electrode area and L is the sample thickness; Cg, Cgb and Rg, Rgb are the
capacitance and resistance of grain interior and grain boundary, respectively. Table 4
shows a summary of the grain interior and grain boundary resistivity and their relative
ratio. With the increase of sintering temperature, there is a substantial increase in the ratio
of grain boundary resistivity to grain interior resistivity. Therefore, significantly
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enhanced resistivity difference between grain interior and grain boundary found in TiO2
ceramics sintered at higher temperature gave rise to space charge polarization.
Constant phase element is used instead of ideal capacitor when the center of the semicircle is depressed below the Z’-axis [24]. The magnitude of depression is a measure of
the deviation from ideal capacitance behavior due to chemical or geometrical
inhomogenity [26]. From Table 4, it can be seen that the magnitude of inhomogenity
increases with the increase of sintering temperature. The semi-circle corresponding to
grain boundaries was found to be more depressed than that of the grain interior, which
can be attributed to a gradually changing distribution of impurity concentration among
grain interiors and grain boundaries. Similar observations were made in the study of
yttrium doped TiO2 [24], so that the degree of nonuniformity in the grain boundary
region increases with the increase of yttrium dopant concentration. This effect was
explained by the geometric misorientation associated with grain boundaries as the
misorientation parameters is to a great extent determined by the amount of excess
impurity solutes at grain boundaries [27]. In the present study, since all impurities were
from the starting powders, the total amount of impurities is assumed to be the same for all
samples. Therefore, gradually increased nonuniformity in grain interior should be better
explained by enhanced chemical inhomogenity as original homogenously distributed
impurities starts to segregate to the grain boundaries as sinter temperature increases.
In summary, it is believed that as the sintering temperature increases, more impurity
ions segregated at the grain boundary region leading to greater differences in resistivity
between grain interior and grain boundaries. As a result, space charge polarization occurs
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in TiO2 sintered at high temperature, which accounts to a high apparent dielectric
constant and loss peak.
Arrhenius plot of d.c. conductivity of TiO2 sintered at various temperatures is shown in
Fig. 10. Except for sample T7, other TiO2 samples sintered at lower temperatures show
lower conductivity. Activation energies calculated by best linear fitting for sample T7, T8,
T9 and T10 are 0.79eV, 0.76eV, 0.75eV and 0.76eV, respectively (data were taken from
100oC-200oC to exclude the influence of humidity). This activation energy is much lower
than half of the band gap of TiO2 (band gap of TiO2:2.90-3.33V [28]), suggesting that in
this temperature range, conductivity is controlled by defects generated during sintering at
high temperatures and/or by intrinsic impurities present in the starting powders. An
activation energy of ~1.23eV was obtained in the study of TiO2 ceramics with an average
grain size ~270nm in the temperature range of 350oC to 750oC [29]. Significantly lower
activation energy observed in present study is attributed to migration of charge carriers
and does not contribute to formation of new defects. Higher conductivity measured on
samples sintered at higher temperatures is attributed to higher concentration of charge
carriers, since TiO2 ceramics are prone to reduction at elevated temperatures [30]. This
process can be described by the following defect reactions:
1
OoX = Vo•• + 2e'+ O2
2

(4)

2OO + TiTi = Tii••• + 3e ' + O2

(5)

For sample T7, its particular high conductivity is due to the presence of remaining open
porosity that serves as fast conduction passes [31].
The polarization-electric field (P-E) relationship of the samples was measured at room
temperature as shown in Fig. 11. Samples T7 and T8 reveal characteristics of linear
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dielectrics with a linear P-E relation. On the contrary, P-E curves with a loop were
obtained for samples T9 and T10. This non-linear behavior is ascribed to contribution of
space charge polarization, since the crystal structure of TiO2 does not possess permanent
dipoles. Judging from the shape of P-E curves, sample T9 and T10 would not be desired
for energy storage applications, as the encircled area in the loop represents the energy
loss as heat upon discharge. The energy storage efficiency (defined as the ratio of
retractable energy upon discharge to total energy stored when charging) of sample T9 and
T10 are only 61.6% and 59.2%, respectively. Slim linear P-E curves obtained from
samples T7 and T8 represent improved efficiencies with 90.6% and 92.1%, respectively.
High energy storage efficiency is of critical importance because energy loss as heat
increases the temperature of the dielectrics leading to higher conductivity, while
enhanced conductivity in turn leads to higher loss and heat generation. Repeating of this
cycle would eventually lead to thermal breakdown of the dielectric when leakage current
reaches a critical level.
Dielectric breakdown strength is of prime importance in the development of dielectric
materials for high energy density capacitor application. The relation between BDS and
energy density is self-evident for linear dielectrics as the volumetric energy density is
given by:
W =

1
ε 0 ε r E b2
2

(6)

where W is the energy density (J/m3); ε0 is the permittivity of free space (8.85×10-12 F/m);
εr is the permittivity of the dielectric material and Eb is the BDS (V/m). More reliable
BDS data can be obtained by excluding of electrical field enhancement effects at the
electrode edges. However, field strength is enhanced by a significant but unknown factor
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at the dielectric/electrode/media triple point, leading to premature edge breakdown [32].
In this study, the problem of edge breakdown was successfully overcome by using of
dimpled sample geometry (Fig. 2). BDS data shown here were based on measurements
with confirmed breakdown crater in the center of the dimple where the thinnest section of
the sample is.
Room temperature BDS of the samples sintered at various temperatures are
summarized in Fig. 12. Each data point is an average of six or more samples. It can be
seen that with the increase of sintering temperature, BDS first increases from 640 kV/cm
(T7) to a peak value of 1870 kV/cm (T8) and decreases to 831 kV/cm (T10) with further
increase of the sintering temperature. This trend shows that BDS has a reverse relation
with d.c. conductivity, i.e., the lower is the conductivity the higher is the BDS.
TiO2 sintered at 700oC has the lowest BDS mainly due to its residual porosity.
Detrimental effects of porosity on the BDS of dielectric materials are well known [33].
Residual pores can intrigue partial gas discharges leading to ionization breakdown. The
presence of pores in the dielectric can also lead to development of electrical field induced
local stresses that can exceed externally applied electric field [34]. Beauchamp found
that the BDS of MgO ceramics decreased almost by a factor of three when the porosity
increased to 12% [35].
At sintering temperature higher than 800oC, all samples achieved a relative density
over 99%. Hence, the decrease of BDS with further increase of sintering temperature
cannot be attributed to the effect of porosity. Instead, it may be associated with the grain
size effect. Tunkasiri et al [36] found a relation of BDS∝G-0.5 between BDS and grain
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size (G) in BaTiO3. A similar relationship, BDS ∝G-0.5, was found in TiO2 dielectrics
with average grain size ranging from 0.27μm to 11μm [37].
One possible explanation for higher BDS found in fine grain ceramics is the reduction
of the critical flaw size. As demonstrated by S. Carabajar and et al [38] both mechanical
strength and dielectric strength of ceramic materials were affected by critical flaw size.
However, in this study, coarse grained TiO2 has slightly higher density than that of fine
grained sample, and no pores and microcracks were observed by SEM. Hence, this
explanation based on critical flow size does not seem to be plausible for the present study.
It was noticed that the most resistive part in coarse grained TiO2 (T9 and T10) is the grain
boundary; whereas the most resistive part in fine grained TiO2 (T8) is the grain interior.
Therefore, when an electric field is applied significant portion of the field is assumed to
be hold at the grain boundaries in coarse grained TiO2, while the opposite is expected to
occur in fine grained TiO2. Since the grain boundary is a thin layer with a thickness in the
range of several nanometers, a breakdown along the grain boundaries is expected at lower
electrical fields. During BDS tests, a leakage current was detected before the breakdown
in samples T9 and T10, that may be indicative for initiation of voltage breakdown along
the grain boundary parts. Since the microstructure of the sample T8 is more uniform with
a fine grain size, it is assumed that the BDS is controlled by the grain interior while
breakdown along the grain boundaries is avoided. Voltage breakdown of the sample T8
always occurs before any detectable leakage current (>1μA) can be observed.
Previously reported BDS results of TiO2 as thin films [39] or bulk ceramics [40] are
relatively low comparing with the results in this study. However, McPerson et al. [41]
predicted that the BDS of TiO2 could reach ~2500 kV/cm according to a thermochemical
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model. Since this model is based on invariable physical parameters of TiO2 such as bond
strength and crystal structure, this value should be considered as the intrinsic BDS of
TiO2. Our experimental results indicate that dense and nanostructured TiO2 ceramics
could possess BDS approaching to the theoretical value.
Fig. 13 shows melting and crack formation at the location where breakdown occurred
in sample T8. The breakdown process can be described as an explosive and sparking
event, during which a sudden release of energy results in melting of the bulk material and
rapid solidification. Breakdown crater with similar features were also observed in BaTiO3
ceramics [36] and Al2O3 ceramics [42].
So far, it is not conclusive to determine the exact breakdown mechanism whether it is
intrinsic (electronic), thermal, ionic, or electromechanical breakdown or a combination of
them for TiO2 ceramics studied in this work. Generally speaking, for ceramic materials
the initial stage of breakdown is dominated by an electronic process whereas the later
stages are controlled by thermal and electromechanical processes [42]. For sample T7
due to the residual porosity and high conductivity, ionization breakdown and or thermal
breakdown mechanisms are more likely to be predominant. For sample T8, the
breakdown mechanism may be electronic in nature. In case of samples T9 and T10, their
breakdown events are believed to be controlled by premature breakdown of their grain
boundaries as discussed in previous sections. Further studies are needed to understand the
nature of the BDS with respect to voltage ramp rate, different electrode materials,
temperature, sample thickness and other parameters.
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Summary

Nanostructured dense TiO2 ceramics were prepared by conventional pressureless
sintering at 800oC in oxygen atmosphere. It was found that TiO2 ceramics with low
sintering density or large grain size exhibit relatively high electrical high conductivity
and dielectric loss. Space charge polarization was observed in TiO2 ceramics sintered at
high temperatures as a result of impurity segregation at grain boundaries. High BDS was
achieved in TiO2 ceramics with low conductivity and homogenous microstructure with
smaller grain size. According to Equation (6), a potential energy density ~15 J/cm3 can be
obtained on nanostructured TiO2. Hence, nanostructured TiO2 ceramics are promising
dielectric materials for high energy density capacitor and pulsed power applications.
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Figures:

Fig. 1. Electric displacement (D) versus electric field (E) for ideal linear dielectrics

(shaded region represents the volumetric energy density upon discharge.).
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Fig. 2. Schematic drawing of a dimpled sample for BDS measurements (not to scale).
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Fig. 3. Relative density and grain size of TiO2 ceramics as a function of
sintering temperature.
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Fig. 4. Microstructural development of TiO2 ceramics sintered at (a) 700oC (b) 750oC,
(c) 800oC, (d) 900oC, (e) 950oC, (f) 1000oC, (g) 700oC (fracture surface),
(h) 800oC (fracture surface).
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Fig. 5. XRD patterns of TiO2 samples sintered at various temperatures (all peaks were
indexed to rutile or anatase phase).

61

Fig. 6. (a) Dielectric constant and (b) loss tangent of TiO2 samples sintered
at various temperatures.
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Fig. 7. Loss tangent measured from 25oC to 200oC for TiO2 samples sintered at (a) 700oC;
(b) 800oC; (c) 900oC and (d) 1000oC.
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Fig. 8. Temperature dependence of loss peak angular frequency for TiO2 ceramics
sintered at 900oC and 1000oC.
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Fig. 9. Cole-cole plot of the samples T8, T9 and T10 measured at 550oC in air.
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Fig. 10. Arrhenius plot of d.c. conductivity of TiO2 samples sintered at
various temperatures.
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Fig. 11. Polarization vs. electric field relationship of TiO2 samples sintered at
various temperatures.
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Fig. 12. Dielectric breakdown strength of TiO2 samples as a function of
sintering temperature.
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Fig. 13. (a) SEM micrographs showing a breakdown crater of a TiO2 sample sintered at
800oC, and (b) an enlarged view of the section indicated in (a).
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Tables:

Table 1. TiO2 powder characteristics
Characteristics

Value

Purity (%)

99.9

Average particle size (nm)

40

Specific surface area (m2/g)

38

Bulk density (g/cm3)

0.20

True density (g/cm3)

3.95

Crystal phase

80% anatase and 20% rutile

Table 2. Main impurities in the TiO2 powder
Elements

Impurity level (wt %)

Fe

0.037

Mg

0.032

Ca

0.024

Al

0.0089
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Table 3. Relationship between green compact density and sintering density
Relative density after sintering at 800oC

Green density (%)

(%)
36

82.3

41

89.3

48

96.2

60

98.3

Table 4. Fitting parameters of the impedance data measured at 550oC
Samples

ρg (Ω·cm)

ρgb (Ω·cm)

ρgb/ρg

CPE1-P

CPE2-P

T8

3.96E5

9.86E6

24.9

0.97

0.73

T9

1.31E5

7.79E6

59.5

0.73

0.57

T10

8.21E4

4.35E7

530.3

0.68

0.43
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2. COMPLEX IMPEDANCE STUDY OF FINE AND COARSE
GRAIN TiO2 CERAMICS

Sheng Chao, Vladimir Petrovsky and Fatih Dogan
Department of Materials Science and Engineering,
Missouri University of Science and Technology, Rolla MO 65409

Abstract

TiO2 ceramics with various grain sizes were investigated by impedance spectroscopy
techniques. Dielectric loss peak identified in coarse grain TiO2 was attributed to space
charge polarization occurring at the grain boundaries. Electric modulus representation of
the impedance data showed two types of relaxation processes in coarse grain TiO2,
whereas only one type was observed in fine grain TiO2. Long range migration of oxygen
vacancies was found to be the dominant conduction mechanism for fine grain TiO2, while
electron hopping between localized states was attributed to dielectric relaxation in coarse
grain TiO2.
Ⅰ. Introduction

Recent studies showed that nanostructured TiO2 ceramics possess significantly
higher dielectric breakdown strength (BDS) than coarse grain TiO2 ceramics, making
them promising candidate materials for high energy density capacitor applications.1
However, so far, it is still not clear of the reason for this improvement. Thus, a
fundamental understanding of the different dielectric responses found in fine and coarse
grain TiO2 ceramics is of great importance. Complex impedance spectroscopy is a
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powerful technique to study electrical and dielectric properties of ceramics as it allows to
distinguish the intrinsic (bulk) properties from extrinsic contributions associated with
grain boundary, surface layer and electrode interfaces.2 In addition, impedance analysis
can give insight into relaxation mechanisms through various frequency/temperature
dependent response characteristics.3 In the present study, TiO2 ceramics with various
grain sizes were characterized by impedance spectroscopy within the frequency range of
1Hz to 1MHz and the temperature range of 25oC to 550oC. Impedance data were
presented in a variety of forms to better elucidate the frequency/temperature dependent
dielectric responses associated with the microstructural feature of the TiO2 ceramics.
Ⅱ. Experimental Procedure

Commercially available TiO2 powders (Nanophase Technologies Corporation)
with an average particles size of 40nm were used to prepare pellets by uniaxially pressing
at 50MPa followed by cold isostatic pressing at 300MPa. Sintering of the samples was
conducted at 900oC for 1-24 hours in oxygen atmosphere. Relative densities of the
sintered pellets were determined by Archimedes’ method. Scanning electron microscopy
(SEM, Hitachi S-4700) was employed for microstructural characterization. Impedance
data were collected with a Solartron 1260 impedance analyzer and a Solartron 1296
dielectric interface followed by data processing using Zview software. Direct current
(D.C.) conductivity measurements were performed with a Keithley 6517 Electrometer by
using a two-probe method in dry air.
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Ⅲ. Results and Discussion

SEM images of TiO2 samples sintered at 900°C for various dwell times are given
in Figure 1, which shows a gradual increase of grain size with the sintering time. The
sintering densities of all samples were greater than 98%, thus the influence of porosity on
the dielectric properties was neglected.
Figure 2 shows the frequency dependent spectra of loss tangent (tgδ) and loss
factor (ε’’). As the sintering time increases, a peak of loss tangent starts to be evident in
low frequencies (~10Hz) (Figure 2a), which is attributed to the space charge polarization.
The loss factor of TiO2 sintered at 900oC for 1h decreases almost linearly with increase of
frequency, indicating that the dominate loss mechanism is conduction loss (Figure 2b).
While for samples sintered for 24hrs a sign of loss peaks is observed as shown in Figure
2c and indicated by the arrow.
In considering that conduction losses may dominate the overall loss spectra at
elevated temperatures, obscuring any possible relaxation processes; electric modulus
presentation was adopted to reconstruct the impedance data and the results are shown in
Figure 3. Electric modulus (M*=1/ε*) is the reciprocal of complex permittivity (ε*=ε’+iε’’),
which corresponds to the relaxation of electric field in the material when electric
displacement remains constant.4 Pronounced relaxation peaks were revealed in the
spectra of imaginary component of electric modulus. With increased sintering time, each
relaxation peak shows splitting marked as “1” and “2” in Figure 3d. The relaxation peaks
“1” are present at the same frequency for all samples and independent of the sintering
time. However, relaxation peaks “2” can only be clearly seen in TiO2 sintered for 6h and
longer, which shifted towards higher frequency region with an increasing magnitude as
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the sintering time increases. Comparison of the loss factor and electric modulus
representation can be used to distinguish the localized dielectric relaxation processes
from long-range conductivity.5,6 In general, for a conduction process, relaxation peaks
would only be observed in the imaginary component of electric modulus while absent in
the corresponding loss factor spectra. On the contrary, for a dielectric relaxation process,
the peaks can appear in both electric modulus and loss factor spectra. Therefore,
relaxation peaks “1” are referred to the long-range migration of charge carriers for
conduction, whereas the second relaxation process is attributed to jumping of charge
carriers between localized states in the short-range for dielectric relaxation.
By determining the relaxation peak frequency (f), relaxation time τ, τ=(2πf)-1 was
obtained and plotted in Figure. 4. Two different activation energies (Ea) were calculated
according to the Arrhenius law τ=τ0 exp (-Ea/КT), where τ0 is the prefactor, К is the
Boltzmann constant and T is the absolute temperature. Activation energies for relaxation
peak “1” (Ea1) for all samples were ~1.10 eV, and the activation energies for relaxation
peak “2” (Ea2) were ~0.50 eV. Activation energies in the range of 0.90 eV to 1.20 eV are
typical for the migration of oxygen vacancies in nanocrystalline and microcrystalline
TiO2.7 Figure 5 shows d.c. conductivity of the samples sintered for various times at
900oC. Calculated activation energies for d.c. conduction are in the range of 1.12 eV to
1.18 eV, which are close to the activation energies obtained from the first relaxation
process. Thus, the relaxation process with an activation energy ~1.10 eV is attributed to
the long range migration of oxygen vacancies for ionic conduction. Electron hopping
mechanism is believed to be the origin of the second relaxation process with an activation
energy ~0.50 eV. An activation energy ~0.30 eV was calculated for TiO2 single crystals
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(anatase or rutile) based on electron hopping mechanism.8 Higher activation energy
obtained in this study may be attributed to a more effective electron entrapment due to
higher defect concentrations.
Cole-cole plot of the complex impedance spectra measured at 550oC is shown in
Figure 6. It was observed that with the increase of sintering time the real part of
impedance decreases, which is consistent with the d.c. conductivity measurements.
Another important feature is that the impedance of sample sintered for 1h shows a large
semi-circle in the high frequencies with only a small depressed semi-circle at low
frequencies. On the contrary, the impedance spectra of the samples sintered for 12hrs and
24hrs consist of two depressed semi-circles with a comparable magnitude. Based on the
capacitance values, high and low frequency semi-circles are attributed to the bulk grain
and the grain boundary response, respectively. All experimental data can be fitted well by
two parallel resistor (R)-constant phase element (CPE) circuits connected in series. Using
of CPE instead of pure capacitor is to account for the non-ideality of the dielectric
relaxation for better fitting. Capacitance value was derived from formula suggested for
CPE.9,10 Bulk grain resistivity (ρ1) and gain boundary resistivity (ρ2) were also calculated
according to the following equations11:
ρ1 = R1

ρ2 =

A
L

R2C2
ρ1
R1C1

(1)
(2)

here, A is the electrode area and L is the sample thickness; C1, C2 and R1, R2 are the
capacitance and resistance of bulk grain and grain boundary, respectively.
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With the increase of sintering time, grain boundaries become the dominant
resistant part instead of the bulk grains, as indicated by the increasing ratio of R2/(R1+R2)
from 0.20 (1h) to 0.58 (12h) and 0.71 (24h). This change could be the primary reason for
lower BDS in TiO2 ceramics with coarser grains when larger proportion of the electric
field was applied to the grain boundaries. Since the grain boundary thickness is in the
range of a few nanometers, dielectric breakdown may be initiated along the grain
boundaries at lower electrical fields. Accompanied with this change, it was also observed
that the differences between and ρ1 and ρ2 increased. For 1h sintered sample ρ2/ρ1=6.7;
for 12hrs sintered sample ρ2/ρ1=34.7 and for 24hrs sintered sample ρ2/ρ1=43.9. The
increased difference between and ρ1 and ρ2 is believed to be the cause of the space charge
polarization observed in the loss tangent spectra as charge carriers accumulated at the
grain boundaries.
It should be noted that about 0.1% acceptor type impurities (Fe, Mg, Al, Ca) are
present in the starting powders. Segregation of impurity ions at grain boundaries, creates
a negatively charged grain boundary core due to the formation of negatively charged
defects: MTi’ or MTi’’ (M represents Fe, Mg, Al, Ca). It can be expected that with the
increase of grain size, there is an increase of the impurity ion concentration at grain
boundaries, caused by decreased grain boundary density. Since electrons are believed to
be the dominant charge carries in TiO2 ceramics, the formation of an electron depletion
layer gave rise to the increased grain boundary resistivity. Hence, the physical origin of
the space charge polarization and the change in grain and grain boundary resistivity is
ascribed to the segregation of acceptor type impurities.
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Ⅳ. Conclusions

TiO2 ceramics with various grain sizes exhibited quite different dielectric
responses. Impedance analysis revealed that due to the segregation of impurity ions there
is an enlarged difference between grain boundary resistivity to bulk grain resistivity,
which gave rise to the space charge polarization. Electric modulus study showed that
electron hopping between localized states is evident for TiO2 ceramics with relatively
large grain sizes.
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Figures

Fig. 1. SEM images of TiO2 ceramics sintered at 900oC for (a) 1h, (b) 6h, (c) 12h, (d) 18h,
(e) 24h and (f) grain size of TiO2 sintered at various times.

80

Fig. 2. (a) Room temperature loss tangent spectra of TiO2 sintered at 900oC for various
times; and loss factor spectra measured at various temperatures for TiO2 sintered at
900oC for (b) 1h and (c) 24h.
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Fig. 3. Imaginary component of electric modulus spectra of TiO2 sintered at 900oC for (a)
1h, (b) 6h, (c) 12h and (d) 24h.
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Fig. 4. Arrhenius plot of relaxation time for TiO2 sintered at various times.
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Fig. 5. Arrhenius plot of d.c. conductivity for TiO2 sintered at various times.
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Fig. 6. Cole-cole plot of complex impedance spectra of TiO2 measured at 550oC
(open symbols: experimental data, solid lines: fitting data).

85
3. EFFECTS OF MANGANESE DOPING ON THE DIELECTRIC PROPERTIES
OF TITANIUM DIOXIDE CERAMICS

Sheng Chao and Fatih Dogan
Department of Materials Science and Engineering,
Missouri University of Science and Technology, Rolla, MO 65409

Abstract

Dielectric properties of undoped and manganese (Mn) doped titanium dioxide (TiO2)
ceramics were measured by various test methods including impedance spectroscopy
techniques. It was found that direct current (d.c.) conductivity and dielectric loss was
effectively suppressed by small amount (~0.05 mol%) of Mn doping due to generation of
possible electron traps. Further increase of Mn content led to formation of oxygen
vacancies and increase of dielectric loss. Increased grain boundary resistivity was
observed as Mn doping concentration increases, presumably due to Mn solutes
segregation at the grain boundaries. Larger difference between the grain and grain
boundary conductivity gave rise to space charge polarization. It was shown that TiO2
ceramics with optimum amount of Mn doping concentration possess good dielectric
properties that are suitable for energy storage applications.

Ⅰ. Introduction

The dielectric and electric properties of TiO2 are quite sensitive to processing conditions
such as oxygen partial pressure and temperature,1 as well as the presence of intrinsic
impurities and dopants.2,3 The defect chemistry of non-stoichiometric TiO2 has been
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investigated extensively.4-6 Influence of various dopants such as Nb, Ta, Al, Ca, Y, Ba on
properties of TiO2 was studied by various research groups.7-12 Most studies on Mn doping
of TiO2 are related to their ferromagnetic properties,13,14 while little attention has been
paid to the investigation of the dielectric properties of Mn doped TiO2.
TiO2 is considered as potential dielectric material for high energy density capacitor
applications due to its relatively high dielectric constant (K: ~100, at room temperature)
and high dielectric breakdown strength (BDS).15 High insulation resistance, low dielectric
loss and high BDS are essential material’s properties for high energy density capacitors.
These requirements were met through optimizing of processing parameters and
incorporation of appropriate dopants at optimum concentrations. It has been well
established that Mn doping is effective in achieving of high insulation resistance in
BaTiO3 based dielectrics,16,17 In acceptor doped BaTiO3, oxygen vacancies (VO··) and
ionized acceptors (MnTi´ and/or MnTi´´)are the dominant defects, which prevented the
reduction of BaTiO3 (in reduced BaTiO3 oxygen vacancies and electrons are the
dominant defects). In addition, it was also reported that dielectric loss (at 3 GHz) of TiO2
ceramics was greatly reduced by introducing divalent or trivalent dopants with ionic
radius in the range of 0.5-0.95 Å (ionic radius of Mn2+: 0.64 Å), as the reduction of Ti4+
was prevented.18 Hence, in the present study, effects of Mn doping on the dielectric
properties of TiO2 was investigated with respect to high energy density capacitor
applications.
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Ⅱ. Experimental Procedure

High purity (~99.99%) TiO2 powders provided by TOHO Titanium Co. Ltd. (Japan) were
used as starting materials. The powders are a mixture of about 7 % anatase and 93 %
rutile phase with particle size ranging from 20-50nm as shown in Figure 1. Trace
impurities of the powder (provided by the manufacturer) are listed in TableⅠ.
Manganese (II) acetate (tetrahydrate) (99.99%, Sigma-Aldrich) was used as Mn source
for doping studies. A stock solution of Mn-precursor was prepared with high purity
anhydrate ethanol (>99.5%, Sigma-Aldrich) as the solvent. TiO2 powders were mixed
with the stock solution at various dopant concentrations followed by ball milling of the
slurry for 12hrs and dried under constant stirring. Dried powders were first uniaxially
pressed in to pellets at a pressure of 50MPa followed by cold isostatic pressing at
300MPa. Green compacts were sintered at 900oC for 2hrs in oxygen atmosphere.
Relative density of sintered samples was determined by Archimedes’ method using
water as immersion liquid, assuming theoretical density of 4.25g/cm3 for rutile TiO2. The
microstructure of thermally etched (830oC for 0.5h) surfaces and fractured surfaces were
observed by scanning electron microscope (SEM, Hitachi S4700, Japan). Grain size of
the sintered samples was determined by linear intercept method on SEM micrographs (at
least 100 grains were counted). Phase evolution of undoped and Mn doped samples was
determined by X-ray diffraction (XRD, Philips X’Pert, Holand).
For electrical property measurement, samples in size ~ 0.8 mm in thickness and 10 mm
in diameter were polished and painted with silver paste as top and bottom electrodes,
followed by heat treatment at 600oC to ensure a good electrical contact. D.C. conductivity
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measurements were performed using Keithley 6517 Electrometer (Keithley Instruments,
Cleveland, USA) by a two-probe method in ambient atmosphere. Dielectric constant of
the samples was calculated according to the sample geometry and its capacitance
measured using Solartron 1260 impedance analyzer connected with a Solartron 1296
dielectric interface (Solartron Analytical, Hampshire, England) in the frequency range
1 Hz to 1 MHz, with an a.c. voltage amplitude of 1V. Polarization-electric filed (P-E)
relation was characterized on a ferroelectric testing system (RT6000, Radiant Technology,
NM, USA). Pellets used for BDS test were further polished by 1 μm diamond paste to
remove any possible surface flaws by maintaining of the sample thickness within 650 to
700 μm. For BDS measurements, D.C. voltage was supplied by Spellman SL30 high
voltage generator (Spellman High Voltage Electronics Corporation, New York, USA),
with a fixed ramp rate of 250V/second.

Ⅲ. Results and Discussion

XRD profile (Figure 2) shows that phase pure rutile TiO2 was formed after firing for
both undoped and Mn doped samples. According to previous investigation13, Mn atoms
can substitute Ti atoms up to a doping level of 5 mol%, without forming secondary phase.
Microstructural development of TiO2 ceramics with various amounts of Mn content are
shown in Figure 3. Sintering density of the samples were > 99% th.d. measured by
Archimedes’s method. No significant influence of Mn doping on grain size was observed
(TableⅡ). Hence, the effects of grain size on the dielectric properties of TiO2 were not
considered in this study. Fracture surfaces of undoped, 0.05 and Mn 0.10 mol% Mn-
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doped TiO2 are shown in Figure 4. A gradual change of the fracture mode from
intergranular to transgranular fracture is observed as the concentration of Mn-doping
increases. This transition of fracture mode is believed to be related to the change of grain
boundary bonding strength, resulted from an increase of Mn concentration at the grain
boundaries.
Dielectric constant, loss tangent, d.c. conductivity and BDS that are critical parameters
for energy storage capability of dielectrics were measured. Data were collected from
25oC to 200oC with exception of BDS which was only measured at room temperature.
Frequency dependence of dielectric constant of selected samples (undoped and doped
with 0.05, 0.07, 0.10, and 0.20 mol% Mn) are shown in Figure 5. It was observed that
except for TiO2 doped with 0.20 mol% of Mn, all the other samples demonstrated a nondispersive dielectric constant around 130 at room temperature over the entire frequency
range scanned. High apparent dielectric constant found in low frequencies of 0.20 mol%
Mn doped TiO2 is attributed to the influence of space charge polarization that is discussed
later in more detail. All samples except TiO2 doped with 0.05 mol% Mn showed higher
dielectric constant in low frequency region at 200oC compared to data obtained by room
temperature measurements. However, at higher frequencies (>1 kHz), the dielectric
constant measured at 200oC is similar to that obtained at room temperature, because high
frequency region is less susceptible to the influence of d.c. conductivity. Figure 5 (c)
shows a gradual decrease of dielectric constant (1 kHz) as the temperature increases.
From 25oC to 200oC, a roughly 11% decrease of dielectric constant was observed for
TiO2 with Mn content equal and less than 0.10 mol%. For TiO2 doped with 0.20 mol% of
Mn, higher dielectric constant measured at high temperatures was again attributed to the
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influence of significantly increased d.c. conductivity. As it will be discussed in the next
section, excessive Mn doping leads to a significant increase of d.c. conductivity.
The frequency dependence of loss tangent measured at various temperatures is shown
in Figure 6. At room temperature, a pronounced loss peak developed in TiO2 doped with
0.20 mol% of Mn. Frequency interval of the loss peak is similar to that observed for
dielectric constant, which is typical for one type of polarization mechanism starting to
damp out as it can no longer keep up with the stimulus frequency.19 Depending on the
frequency region and the material, this polarization mechanism is ascribed to space
charge polarization. Further proof of this assumption will be provided by impedance
spectroscopy analysis. As the temperature increases, the loss peak shifts to higher
frequency regions, indicating a thermally stimulated process. At higher temperatures,
dielectric loss of all samples increases significantly in low frequency region due to
increased d.c. conductivity. However, the dielectric loss of TiO2 doped with 0.05 mol%
of Mn is substantially lower than other samples while the dielectric loss of TiO2 doped
with 0.20 mol% is significantly higher.
To investigate the relaxation process (loss peak) in TiO2 doped with 0.20 mol% of Mn,
electric modulus was introduced to suppress the influence of high loss caused by d.c.
conductivity that may obscure the actual relaxation process.20 The electric modulus is the
reciprocal of complex permittivity, which corresponds to the relaxation of electric field in
the material when electric displacement remains constant. Therefore, the electric modulus
represents the real dielectric relaxation process.21 The definition of electric modulus is
given by the following equations:
M (*ω ) =

1

ε*

= M ('ω ) + iM (''ω )

(1)
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ε ('ω ) + ε (''ω )

2
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Here, M*(ω), M’ (ω) and M’’ (ω) are complex, real and imaginary electric modulus,
respectively; while ε*(ω) , ε’(ω) and ε’’(ω) are complex, real and imaginary permittivity,
respectively. The frequency dependency of imaginary component of electric modulus of
TiO2 doped with 0.20 mol% of Mn is shown in Figure 6 (d) which clearly reveals the
presence of relaxation peaks. These peaks were difficult to identify in loss tangent spectra
measured at high temperatures due to the high conduction losses as depicted in Figure 6.
(c). Relaxation peaks shift towards higher frequencies as the temperature increases,
indicating a decrease of relaxation time with increasing temperature. By determining the
frequency (f) at which M’’ peak occurs, the angular frequency (ω, ω=2πf) was calculated.
It follows the Arrhenius law (ω=ω0exp(-Ea/КT)) as shown in Figure 7, where Ea is the
activation energy and К is the Boltzmann constant. The activation energy calculated by
best linear fitting of the data is 0.33 eV that is a typical value for the electron-hopping
energy.22
D.C. conductivity as a function of the temperature is presented in Arrhenius plot
(Figure 8). It was observed that with small amount of Mn doping (up to 0.05 mol%) there
is a substantial decrease of d.c. conductivity. Reduction of the conductivity is of critical
importance for successful application of dielectric materials in high energy density
capacitors, since conductivity is closely related to dielectric breakdown phenomenon and
dielectric loss (particularly at low frequencies). A decrease in conductivity by small
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amount of Mn doping is attributed to creation of electron traps, which can be expressed
by the following equations:

MnTiX + e ' ↔ MnTi'

(4)

MnTi' + e ' ↔ MnTi''

(5)

''

••

MnO → MnTi + VO + OO

X

(6)

Formation of electron traps were attributed to the fact that Mn4+ and Mn3+ have higher
tendency for reduction in comparison to Ti4+ while similar effects were observed in
BaTiO3 ceramics.23 Further increase of Mn concentration leads to the formation of large
amount of oxygen vacancies according to Equation 6; as a result, conductivity increases
when Mn content is higher than 0.07 mol%. Hence, optimum concentration of Mn doping
was found to be around 0.05 mol%. As discussed above, at this particular Mn
concentration the loss tangent was the lowest among other samples with various amounts
of Mn dopants.
BDS of undoped and 0.05 mol% Mn doped TiO2 was measured at room temperature.
Based on the results of eight samples, average values of 423±83 kV/cm and 531±59
kV/cm were obtained for undoped and 0.05 mol% Mn doped TiO2, respectively. Thus,
there is a 25% increase of BDS with optimized amount Mn doping which is equivalent to
~56% increase in energy density for a linear dielectric governed by the following
equation:

1
W( vol .) = ε 0ε r Eb2
2

(7)
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where ε0 is the permittivity of vacuum (8.854×10-12 F/m), εr is the dielectric constant and
Eb (V/m) is BDS. It should be noted that BDS values were obtained using samples with a
thickness ranging from 650 to 700μm, which is much thicker than dielectric layer
thickness in multi-layer ceramic capacitors (MLCCs) normally ranging from several to
tens of micrometers. Much higher BDS and consequently much higher energy density
can be expected if sample thickness is reduced to actual dielectric thickness in MLCCs.
An increase in the sample thickness can lead to a substantial decrease in BDS due to the
well-known weakest chain theory since the thicker the sample the higher is the possibility
of the presence of defects that can intrigue dielectric breakdown.24 It was reported that
just by reducing the dielectric layer thickness from 910μm to 50μm, BDS increased from
117 to 764 kV/cm for 0.7 BaTiO3-0.3 BiScO3 ceramics.25
In consideration of reduced dielectric loss, much more improvement in energy storage
and energy storage efficiency (energy storage efficiency is defined as the ratio of
retractable energy upon discharge to total energy stored) can be achieved in TiO2 doped
with 0.05mol% Mn. The energy storage efficiency can be calculated from the
polarization-electric field relationship depicted in Figure 9. The energy loss (energy
stored subtracted by retractable energy) is represented by the area encircled in the charge
and discharge curve. At room temperature, the energy storage efficiency of undoped TiO2
is 93.6%, while the energy storage efficiency of 0.05 mol% Mn-doped TiO2 is 98.5%.
This difference greatly increased at 200oC, with energy storage efficiency of 35.5% and
96.7% for undoped and 0.05 mol% Mn-doped TiO2, respectively. Significantly reduced
energy storage efficiency of undoped TiO2 at 200oC is attributed to its high conductivity.
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On the contrary, 0.05 mol% Mn-doped TiO2 shows the potential to be applicable at
200oC as it still maintains a high efficiency.
Complex impedance measurements were conducted, as this technique allows
distinguishing the intrinsic (bulk) properties from extrinsic contributions such as grain
boundaries, surface layers, and electrode contact problems.26 Interpretation of impedance
data is based on the brick layer model of polycrystalline ceramics. In this model, relative
conductive cubic shaped grain cores (d: grain size) are surrounded by more resistive grain
boundaries (δ: grain boundary thickness). Only the series path via grain cores and
capping grain boundaries is considered, while the parallel grain boundary path is ignored.
In the absence of any precipitates or electrode polarization effects, there are only two
parallel RC (Resistor-Capacitor) circuits connected in series representing the grain core
and grain boundaries response27.
An example of complex impedance spectra measured at 550oC of TiO2 doped with
various amount of Mn is shown in Figure 10. For TiO2 ceramics with Mn doping level
equal or less than 0.05 mol%, there was only one semi-circle representing the bulk grain
response (determined by the capacitance value). However, when the doping level reaches
0.07 mol% and higher, two semi-circles were observed. The second semi-circle found at
low frequencies was attributed to the contribution of grain boundaries. Experimental data
can be well fitted (<5% error) by either one CPE (constant phase element)-R parallel
circuit or two CPE-R parallel circuits connected in series. Here CPE instead of pure
capacitor was used for the fitting of experimental data in order to account for the nonideality of the relaxation process.12 The gradual development of grain boundary response
was caused by increased grain boundary resistivity, which resulted in a grain boundary
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blocking effect. As Mn concentration increases, because of the elastic strain-energy
driving force and electro-static driving force,10 more Mn ions are expected to segregate to
the grain boundaries. In a similar system, Mn segregation at the grain boundaries was
believed to be the cause of enhanced positive-temperature-coefficient effect in BaTiO3.28
As a result, negatively charged defects (MnTi’ or MnTi’’) created a negatively charged
grain boundary core as significant amount of segregated Mn3+ or Mn2+ replaces Ti4+ sites,
which was balanced by positive space charge layer in the nearby depletion region for
electrons, forming a back-to-back Scotty barrier.12,29
Detailed impedance analysis was based on the fitting of the experimental data. The
grain core resistance (R1) and grain boundary resistance (R2) were directly obtained from
fitting results. Grain core and grain boundary capacitance (C1 and C2) was determined by
the following formulation:

C = ( R1−nQ)1/ n

(8)

where the value of Q and n were obtained from fitting results of CPE element. And n is a
measure of the deviation from ideal capacitor behavior (ideal capacitor behavior when
n=1). Grain and grain boundary resistivity (ρ1, ρ2) were calculated by the following
relations:
A
L
τ 1 = R1C1 = ε 1 ρ1

ρ1 = R1

τ 2 = R2C2 = ε 2 ρ 2
ε1 = ε 2

(9)
(10)
(11)
(12)
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ρ2 =

R2C2
ρ1
R1C1

(13)

where A is the electrode area and L is the sample thickness; τ1 and τ2 are the relaxation
time of grain core and grain boundary respectively; and ε1 and ε2 are the dielectric
constant of grain core and grain boundary, respectively. The feasibility of assuming equal
value of ε1 and ε2 has been validated by other researchers.29 Sample data extracted at
550oC is listed in Table Ⅲ and the same approach was used to extracted data measured at
other temperatures.
It was found that for grain core the n values (n1) are all close to one, independent of the
Mn doping concentration, while for grain boundary, the n values (n2) are much less than
one and decreases with the increasing of Mn concentration. It is believed that the value of
n is associated with the geometrical or chemical inhomogenity.30 Close to ideal capacitor
behavior of grain core response indicates a uniform distribution of dopants inside of the
grains. However, a large deviation from ideal capacitor behavior (depressed semi-circle)
was observed for the grain boundary response, suggesting that there is some degree of
nonuniformity along the grain boundaries. Enhanced grain boundary misorientation as a
result of non-homogeneous distribution of Mn dopants accumulated at the grain
boundaries is believed to be the cause of this phenomenon. Similar behavior was also
observed in yttrium doped TiO2.12 Only a small variation of grain core capacitance (C1)
was observed for TiO2 with different amounts of Mn, and the values are in good
agreement with the dielectric constant of TiO2. On the other hand, an increase of the
grain boundary capacitance (C2) was found as Mn concentration increases, which may be
attributed to reduced grain boundary layer (space charge layer) thickness.31 In addition,
dipolar relaxation occurring at the grain boundaries might also contribute this result.
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From Table Ⅲ it can be seen that there is more than two orders of magnitude
difference between grain core and grain boundary resistivity for TiO2 doped with more
than 0.07 mol% of Mn. This difference becomes greater as Mn concentration increases
(from 174 for 0.07 mol% Mn to 757 for 0.20 mol% Mn). Due to this discontinuity of
resistivity at the grain and grain boundary interface, space charge polarization occurs
when charge carriers are piled up at the grain boundaries. Therefore, the space charge
polarization identified in the loss tangent spectra (Figure 6) can be satisfactory explained.
Grain core and grain boundary conductivity were plotted in Arrhenius relation shown
in Figure 11. It can be seen that the grain core conductivity differs greatly with various
amounts of Mn-doping, especially at low temperatures. Higher concentration of mobile
oxygen vacancies created by Mn doping is believed to be the cause of this phenomenon.
At higher temperatures, more oxygen vacancies are generated by thermal energy,
resulting in a less difference of conductivity. The activation energy for electrical
conductivity was determined by using Arrhenius equation (σ=σ0exp(-Ea/КT)), where σ is
conductivity. A sharp decrease of activation energy was observed for grain core
conductivity with the increase of Mn concentration (from 1.70eV for undoped to 0.85eV
for 0.20 mol% Mn doped), which is attributed to the presence of acceptor status in the
band gap.12 Variations in the activation energy for grain boundary conductivity were
much less. With increasing Mn concentration, only a slight increase (from 1.19eV to
1.28eV) of the activation was observed. This behavior is in consistent with the study of
yttrium doped TiO2.12 Further investigation on the conduction mechanism is necessary to
clarify to variation of conductivity and activation of both grain core and grain boundaries.
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Ⅳ. Conclusions

The influence of Mn doping on the dielectric properties of TiO2 was studied. An
optimized doping concentration of 0.05 mol% was identified, resulting in reduced
conductivity and loss tangent as well as improved BDS and energy storage capability. It
was found that small amounts of Mn doping leads to generation of electron traps resulting
in enhanced dielectric properties. Higher amounts of Mn doping generate mobile oxygen
vacancies resulting in higher loss factor. Impedance analysis revealed that with the
increase of Mn doping concentration, the difference between grain and grain boundary
conductivity enlarged, presumably due to excess Mn solutes segreatating at the grain
boundaries, which gave rise to a grain boundary blocking effect and space charge
polarization.
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Figures

Fig. 1. SEM image of TiO2 starting powders.
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Fig. 2. XRD profile of undoped and Mn 0.20 mol% doped TiO2 ceramics
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Fig. 3. SEM images of thermal etched surface of TiO2 with various amounts of Mn
content (a) undoped; (b) 0.03mol%; (c) 0.05mol%, (d) 0.07mol%; (e) 0.10mol%;
(f) 0.20mol%.
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Fig. 4. SEM images of the fracture surface of TiO2 with various amounts of Mn content
(a) undoped; (b) 0.05mol%; (c) 0.10mol%.
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Fig. 5. Frequency dependence of dielectric constant with various amounts of Mn
doping measured at (a) 25oC and (b) 200oC (c) Temperature dependent dielectric
constant at 1 kHz.
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Fig. 6. Frequency dependence of loss tangent of TiO2 with various amounts of Mn
content measured at (a) 25oC; (b) 100oC and (c) 200oC. (d) Frequency dependency of
electric modulus of TiO2 doped with 0.20 mol% Mn measured at various temperatures.
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Fig. 7. Arrhenius plot of angular frequency of TiO2 doped with 0.20 mol% Mn.
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Fig. 8. Arrhenius plot of d.c. conductivity of TiO2 doped with various amount of Mn.
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Fig. 9. Polarization-electric field relationship of (a) undoped and (b) 0.05mol%
Mn-doped TiO2 measured at 25oC and 200oC.
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Fig. 10. Impedance spectra and equivalent circuit of TiO2 doped with various amounts
of Mn measured at 550oC (experimental data: open symbol; solid line: fitting curve).
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Fig. 11. Arrhenius plot of grain core (designated as G) and grain boundary
(designated as GB) conductivity.
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Tables

TableⅠ. Trace impurities in the starting powders

Elements

Fe

Al

Cl

Concentrations

0.001

<0.001

0.016

（wt%）

TableⅡ. Grain size of TiO2 with various amounts of Mn
Mn content (mol%)
Grain size (nm)
0.00
491±124
0.01
455±116
0.03
476±141
0.05
543±137
0.07
553±156
0.10
476±138
0.20
479±168
Table Ⅲ. Impedance data extracted from measurements conducted at 550oC
CPE2-P
ρ2
C1
C2
CPE1-P
Mn
ρ1

concentration

(Ω·cm)

(Ω·cm)

(F)

(F)

(n1)

(n2)

(mol %)
0.00

6.21E5

---

5.64E-11

---

0.97

---

0.05

5.80E5

---

5.48E-11

---

0.98

---

0.07

5.94E5

8.61E7

5.67E-11

3.68E-8

0.98

0.62

0.10

3.32E5

9.51E7

5.27E-11

5.22E-8

0.98

0.57

0.20

1.55E5

1.14E8

6.26E-11

7.25E-8

0.95

0.50
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4. PROCESSING AND DIELECTRIC PROPERTIES OF TIO2 THICK FILMS
FOR HIGH ENERGY DENSITY CAPACITOR APPLICATIONS

Sheng Chao and Fatih Dogan
Department of Materials Science and Engineering,
Missouri University of Science and Technology, Rolla MO 65401, USA

Abstract

Nanosized TiO2 powders (~40nm) were used for preparation of tape casting slurries.
Effect of various solvents and dispersants on the dispersability of TiO2 slurries was
studied by sedimentation tests and rheology measurements. TiO2 green tapes were
prepared by tape casting method and densified at 1000oC with a sintered density >95%.
Dielectric properties of TiO2 tapes were studied by measuring of dielectric constant, loss
factor and dielectric breakdown strength (BDS) with respect to their microstructural
development. BDS values as high as ~1400 kV/cm were obtained for sintered tapes so
that energy densities up to 14 J/cm3 could be achieved.

Keywords: Tape-casting; Dielectric properties; TiO2; Capacitors

1. Introduction

Nanostructured TiO2 ceramics were found to have significantly improved BDS1. Such
linear dielectrics are promising candidates for high energy density capacitor applications
as the volumetric energy density (J, J/m3) is governed by the following equation
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1
J ( vol .) = ε 0ε r Eb2
2

(1)

where ε0 is the permittivity of vacuum (8.854×10-12 F/m), εr is the relative permittivity
(dielectric constant) of the dielectric material and Eb (V/m) is the BDS of the dielectric
material.
For practical applications, most ceramic capacitors are manufactured as multi-layer
ceramic capacitors (MLCCs) to achieve a high capacitance density. Tape-casting process
as a cost effective method is widely used to fabricate MLCCs in large scale.2 This process
generally involves dispersion of ceramic powders in a liquid vehicle, followed by
addition of organic binders and plasticizers to give the tape strength and flexibility after
casting and drying.3 Although tape-casting is a well-established ceramic processing
technique, using nanopowders as starting material is still a challenging task because of
the difficulty of deflocculation or dispersion of powders to prepare slurries suitable to
obtain high quality green tapes.4
Deflocculation of the nanopowders depends on the appropriate use of both dispersant
and solvent.5 In general, dispersants stabilize the slurry by steric hindrance mechanism or
electrostatic repulsion mechanism or both depending on the nature of the dispersant. The
major role of solvents is to dissolve organic components and act as dispersion vehicle.
Binary solvent systems are commonly used because they offer better compromise
between dielectric constant, surface tension and viscosity than a single solvent.5 The
effect of various solvents and dispersants on dispersion of nanosized lead zirconate
titanate and barium titanate materials powders have been reported.6,7
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The objectives of this study are to prepare slurries using nanosized TiO2 powders
suitable for tape casting and characterization of sintered films with respect to their
dielectric properties.

2. Experimental procedures

2.1. Starting materials

NanoTek® TiO2 powders were obtained from Nanophase technologies corporation,
Romeoville, USA. Powder characteristics (based on the product data sheet) are given in
Table 1. Organic additives such as dispersant, solvent, binder and plasticizer, used for
slurry preparation slurry are listed in Table 2.

2.2. Sedimentation tests

Dispersability of TiO2 nanopowders was studied by performing sedimentation tests on
5vol% suspensions using xylene/ethanol (65:35 volume ratio) binary solvent. Slurries
with either 5wt% KD-1 or 2wt% PE or 2.5wt% KD-1 plus 1.0wt% PE or without
dispersant were prepared (wt% is based on the weight of the powders). Volumetric
cylinders with sealed cap were used to prevent evaporation of the solvent. The
suspensions were first sonicated for 2 minutes to break up soft agglomerates of TiO2
nanopowders before testing. Sedimentation height was recorded at certain time intervals
at the interface between the dense sediment and supernatant solvent. The sediment
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density was calculated by H/H0, where H is the instantaneous sediment height and H0 is
the initial height.

2.3. Viscosity measurements

To investigate the effectiveness of various dispersants and influence of various solvent
systems on the dispersability of TiO2 nanopowders, viscosities of the slurries were
measured. Slurries with 20 vol% solid loading were prepared for viscosity measurements.
In order to ensure a good absorption of dispersants on particle surfaces, ball milling of
slurries was conducted for 12 hours. Viscosity measurements were performed using a
viscometer (VT550, Gebruder HAAKE, Germany) with shear rate shear rate from 100 s-1
to 500 s-1.

2.4. Tape-casting of slurries

TiO2 powders were dried at 200oC overnight before use. First, powders, dispersants
and solvents (xylene/ethanol with a 65:35 ratio) were mixed in a high density
polyethylene bottle with cylindrical yttria stabilized ZrO2 milling media (1cm in height
and 1cm in diameter). Milling was conducted for 24 hours before adding of the predissolved binder and plasticizer. After milling for another 24 hours, the milling media
was removed and milling speed was reduced in order to remove trapped air bubbles.
Further de-gassing of the slurry was performed in a vacuum chamber before casting.
Tapes were cast on silicon-coated Mylar substrate using doctor-blade with a gap height
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set to 300μm. After casting, the tapes were dried at room temperature in stagnant air
atmosphere for 2 hours. Then the tapes were carefully peeled off from the substrate and
laminated at 90oC for 20 minutes under 45 MPa applied pressure.

2.5. Sintering and Characterization

Before sintering, binders were removed at a slow heating rate (0.5oC/min) to 550oC for
1h in ambient air. Sintering was performed in pure oxygen atmosphere (1 atm.) at
temperatures ranging from 900oC -1000oC with heating and cooling rates of 5oC/min.
The relative density of sintered films was determined by Archimedes’ method using
water as immersion liquid, assuming the theoretical density of 4.25g/cm3 for rutile phase
of TiO2. Microstructural development of the green tapes and sintered films were observed
by scanning electron microscopy (SEM, Hitachi S4700, Japan) techniques. The grain size
was determined by linear intercept method on SEM micrographs by counting of at least
200 grains.
For electrical property measurements, sintered films with a thickness about 0.1 mm
were polished by 600 grade grinding papers. Silver paste was painted as top and bottom
electrodes followed by annealing at 600oC. D.C. conductivity measurements were
performed on a Keithley 6517 Electrometer (Keithley Instruments, Cleveland, USA) by a
two-probe method in ambient atmosphere. Dielectric constant was calculated according
to the sample geometry and its capacitance measured on a Solartron 1260 impedance
analyzer connected with a Solartron 1296 dielectric interface (Solartron analytical,
Hampshire, England) in a frequency range of 1Hz to 1M Hz, with voltage amplitude of 1
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V. Polarization-electric field (P-E) measurements were conducted using a ferroelectric
test system (RT6000, Radiant Technologies, NM USA). For BDS measurements, D.C.
voltage was supplied by a Spellman SL30 high voltage generator (Spellman high voltage
electronics corporation, New York, USA), with a fixed ramp rate of 250 V/second. The
occurrence of BDS was determined by the detection of leakage current over 100 μA.

3. Results and discussion

3.1. Tape-casting and microstructure

The sedimentation height as a function of time of 5vol% TiO2 suspension is shown in
Fig. 1. In general, the suspension with better dispersability should have longer settling
time and higher sediment density represented by a low H/H0 value.7 From Fig.1 it can be
seen that without dispersant, the suspension started to settle immediately after preparation
and the H/H0 value reached a plateau of about 0.5 after seven days. However, by adding
dispersant, all the suspensions were very stable, no sign of sedimentation was observed
after seven days. KD-1 and PE as well as their mixture were effective dispersants for
nanosized TiO2 powders, but their effectiveness was difficult to compare by
sedimentation tests.
Viscosity measurements were employed to determine the optimum combination of
solvent and dispersant. Figure 2 shows the viscosities of 20vol% solid loading slurries
with 1.2wt% of PE as dispersant using three different solvent mixtures (xylene/ethanol
65:35, toluene/ethanol 40:60, MEK/ethanol 65:35) as a function of shear rate. A shear
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thinning behavior (viscosity decreases with increasing shear rate) was observed for all
slurries with different solvents. This is because with increasing shear rate, viscous force
broke some of the agglomerates, resulting in a increase of the suspension fluidity due to
the release of immobile liquid within agglomerates.8 It can be found that the viscosity of
the suspension using xylene/ethanol as solvent is consistently lower than the other two
types of solvents. It has been reported that both solvent and dispersant will compete with
each other for the absorption on the surface of the particles.6 Polar liquids with strong
hydrogen bonding have strong affinity to oxide powder surface. Thus, presumably polar
liquid may have the capability to reduce the effectiveness of dispersant. Since ethanol is a
polar, MEK weekly polar, toluene and xylene are non-polar liquids, xylene/ethanol
solvent mixture (65:35) with minimum amount of polar liquids exhibited the lowest
viscosity. Therefore, xylene/ethanol binary solvent was chosen to prepare slurries for tape
casting.
The efficiency of dispersants was also examined by viscosity measurement as shown in
Fig. 3. The amount of dispersant was optimized by obtaining of minimum viscosity at a
shear rate of 100 s-1. PE was found to be more effective than KD-1 as the viscosity of the
suspension using PE (1.8wt%) as dispersant is about seven times lower than that of using
KD-1 (7wt%) as dispersant.
KD-1 is polyester/polyamide copolymer with an estimated molecular weight about
10,000. It is composed of an anchoring group, which is absorbed onto the particle surface
and a polymeric chain with a chemical structure designed to have good solvency in the
dispersion medium so as to give optimum steric hindrance to the dispersion.9 PE contains
hydroxyl group, which are ionized to form negatively charged oxygen, and react with
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ceramic powders electrostatically in the solvent.10 Thus, PE is expected to stabilize the
suspension by both steric hindrance and electrostatic repulsion mechanisms. For tapecasting slurries , dispersants were added as 5.0wt% KD-1, or 2.5wt% KD-1 plus 1.0wt%
PE or 2.0wt% PE (these notation will be shorted as KD1, KD1+PE and PE respectively
afterwards).
Three different types of tapes were successfully cast by using of KD-1 or KD1+PE or
PE as dispersants. The SEM micrographs of green tape surface are revealed in Fig. 4. In
general, these tapes show uniform filling and dense packing of powders, an indication of
well-dispersed slurry. However, the surface roughness of the tape prepared using KD1 as
dispersant is higher than that of tapes prepared using KD1+PE or PE as dispersant. Fig. 5
shows the tape surface after binder removal indicating the formation of large pores or
voids. By measuring the weight and the geometry of the tape after binder removal, a
density of ~45% was obtained for all three green tapes.
Sintering of the tapes was conducted at temperatures as low as 900oC. It was found that
sintering temperature of 900oC and 950oC can only lead to relativity densities of ~81%
and ~89%, respectively. Relatively poor sinterability can be ascribed to lower green
density, as pellets with ~55% green density can be densified at 900oC.11 An optimized
sintering condition of 1000oC-6h was determined for these tapes, resulting in relative
density of 97.9%, 97.7% and 95.1% for KD1, KD1+PE and PE tape, respectively. The
SEM images of the film surfaces after sintering at 1000oC for 6h are shown in Fig. 6.
Refinement of the grain size is observed in films with PE as dispersant. The average grain
size of KD1 film, KD1+PE film and PE film are 1.09μm, 0.48μm and 0.38μm,
respectively. It should be mentioned that except the type of the dispersant, the slurry
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composition of these three different films was the same. Hence, microstructural
refinement is attributed to the effect of PE on sintering behavior of TiO2 tapes. It was
reported that PE even in a small amount would decompose; leaving P2O5 as solid
residue.12 In other systems such as Al2O313 and BaTiO312, sintering was greatly affected
by the presence of PE. Fig. 7 shows that the fracture surfaces of the sintered films
prepared using PE as dispersant are significantly different. For KD1 tape, the dominant
fracture mode is transgranular, whereas for PE containing tape, the fracture mode is
predominantly intergranular. The change of fracture mode is a good indication that the
residual phosphorous led to weakening of the bonding strength along the grain
boundaries. As discussed in previous sections, PE as a dispersant is strongly absorbed on
the surface of TiO2 nanopowders. After binder removal, phosphorus residues are
expected to be uniformly distributed on the particle surface leading to higher
phosphorous concentration along the grain boundaries during the sintering process.
In the study of the effects of residual phosphorus on BaTiO3,12 the effect of grain
growth inhibition was attributed to reduced grain boundary mobility as a result of so
called solute drag mechanism that may also apply for sintering of TiO2. During the grain
growth, solute elements (Phosphorus) are carried with the moving grain boundary. The
solute diffusion coefficient in the grain boundary region is usually lower than the intrinsic
diffusion coefficient of host atoms across the boundary plane,14 thus making solute drag
become the rate-limiting factor. According to the solute drag mechanism proposed by
Cahn15 the boundary mobility (Mb) is given approximately by:
M b = D /(ΔCkT )

(2)
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where D is the diffusivity of the solute cation, ΔC is the excess concentration of the
solute cation in the grain boundary, κ is the Boltzmann constant and T is the absolute
temperature. It can be reasonably assumed that ΔC increases with the increase of PE
content, leading to a decrease of Mb. The fact that the average grain size of PE film is
even smaller than the grain size of KD1+PE film supports the proposed solute drag
mechanism. The residual phosphorus content in PE tape was determined to be 0.15 wt%
by using of inductively coupled plasma mass spectrometry (ICP-MS).

3.2 Dielectric Properties

Fig. 8 shows the dielectric constant (k) and loss tangent (tgδ) of three types of films. A
distinctive difference is observed between the films with or without PE addition. TiO2
films using KD1 as dispersant exhibit a relatively high apparent dielectric constant ~416
at 1 Hz, while K decreases to ~130 at 1 kHz. The high dielectric constant at lower
frequencies is not attributed to the intrinsic property of TiO2 since it is well-known that
the dielectric constant of randomly orientated polycrystalline TiO2 ceramics is around
100.16 Thus, the high dielectric constant should be ascribed to extrinsic contribution of
polarization mechanisms in addition to the electronic and ionic polarization. With the
increase of the frequency, the dielectric constant of KD1 film decreases as the dipoles
gradually begin to lag behind the external stimulus frequency. Finally, a plateau about
120 is reached corresponding to the intrinsic dielectric constant of TiO2. Accompanied
with the high dielectric constant, a pronounced loss peak was also observed in KD1 film.
The frequency dependency of k′ (dielectric constant), k" (dielectric loss factor, k′′=
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tgδ·k′), and tgδ of KD1 film are shown in Fig. 9. At first glance, the dielectric response
looks like the classical Debye-type relaxation, which can be described by the following
Debye equations:
k ' = k∞ +

k s − k∞
1 + ω 2τ 2

ωτ

(3)

k ' ' = (k s − k∞ )(
)
1 + ω 2τ 2

(4)

k ' ' (k s − k∞ )ωτ
=
k ' k s + k∞ω 2τ 2

(5)

tgδ =

where ω is the angular frequency; ωτ =1 when the loss factor is at the maximum; ks and
K∞ represent the static or zero-frequency dielectric constant and dielectric constant at
high frequency, respectively.17 Based on the above equations, the value of Ks and K∞
were calculated to be ~380 and ~200, respectively. These values are not in perfect match
with the experimentally measured data, so that the relaxation processes observed are
somewhat deviated from the ideal Debye-type.
Based on the frequency range in which the relaxation occurs, interfacial polarization at
the grain boundaries is likely to take place in polycrystalline material (conductivity
and/or permittivity difference between grain and grain boundary), as charge carriers piled
up at the grain/grain boundary interface. Unlike KD1 tape, the dielectric constant and loss
tangent of the tape with PE addition shows non-dispersive characteristics over the entire
frequency range scanned. As discussed above, residual phosphorus is expected to
segregate at the grain boundaries. Thus, the absence of interfacial relaxation in PE
containing tapes should be related to the presence of residual phosphorus at grain
boundaries.
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In order to further study the effects of PE on the electrical response of TiO2, complex
impedance measurements were conducted for undoped and 2.0 wt% PE doped TiO2
ceramics sintered at 1000oC for 6 hrs (Fig. 10). At 500oC the individual response of grain
interior (high frequency arc) and grain boundary (low frequency arc) can be clearly
differentiated for undoped TiO2, whereas only one semi-circle was indentified for PE
doped TiO2. It was found that the impedance response of undoped TiO2 can be fitted with
two parallel resistor-constant phase element (CPE) circuits connected in series. On the
contrary, for doped TiO2 one parallel resistor-capacitor circuit was sufficient for fitting of
the impedance data. While the undoped TiO2 showed differences in grain and grain
boundary conduction, such a difference was not observed for PE doped TiO2. Although
these measurements were conducted at high temperatures to increase the conductivity of
TiO2 for impedance measurements, the microstructural differences should also exist at
room temperature. Hence, interfacial polarization occurring at grain boundary was
believed to be the cause of anomaly for dielectric constant and loss tangent found in KD1
film.
Dielectric constant and loss tangent measured at certain frequencies are listed in Table
3. It is shown that the loss tangent decreases with increasing frequency, suggesting that
the dielectric loss is caused by D.C. conduction. Since TiO2 does not possess permanent
dipoles in the crystal structure, the predominant loss mechanism is expected to be due to
the conduction losses. Significantly reduced loss tangent (more than one order of
magnitude lower) in PE containing film is due to the combined influence of lower
conductivity and the absence of the low frequency relaxation. Suppressed D.C.
conductivity with the increasing content of the PE addition is attributed to the defect
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structure. When donor dopants P5+ substitute the normal Ti4+ sublattice, charge
compensation may take place by formation of VTi’’’’, which are believed to have much
lower mobility in comparison with oxygen vacancies.18 The exact reason for the reduced
conduction in PE containing tapes require further investigation.
BDS is of great importance to the energy storage capability of dielectric materials as
shown in equation 1. Table 3 reveals that the BDS of PE containing film is significantly
higher than that of KD1 film, that is in agreement with previous studies that the finer the
grain size is the higher the BDS.1 Generally speaking, the lower the conductivity is, the
higher the BDS would be. However, PE films with low conductivity did not lead to high
BDS because of their relatively low sintering density. Residual pores can lead to local
field concentration19 and gas discharge inside of the pores may also lead to premature
breakdown.20
Polarization-electric field relations of the TiO2 tapes were measured up to ~ 300kV/cm
(Fig. 11). Almost ideal linear response was observed for films with PE additions,
suggesting a field independent dielectric constant and low dielectric loss. One the
contrary, KD1 film exhibits a hysteresis loop similar to those of ferroelectric materials.
This loop is believed to be caused by high dielectric loss due to the interfacial
polarization as discussed above. The dielectric constant (the slop of the polarizationelectric field curve) of the KD1 film is higher than PE containing film, which is in
agreement with the low field dielectric constant measurement. The area enclosed within
the loop is due to the heat dissipation upon discharge. Hence, the energy storage
efficiency (total energy charged/energy released upon discharge) is lower for KD1 films,
whereas the nearly linear charge/discharge curve of PE containing films indicates very
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high efficiency for energy storage. If the polarization-electric filed curve of the TiO2
tapes with KD1+PE as dispersant can be extended to 1400 kV/cm (BDS value of the
tape), an estimated energy density about 14 J/cm3 would be achieved.

4. Conclusions

TiO2 nanosized powders with mean particle size ~40nm were dispersed in a mixture of
xylene and ethanol as solvents and phosphate ester as dispersant for preparation of tape
casting slurries. Green tapes were sintered at 1000oC. Residual phosphorous from
decomposition of phosphate ester hindered densification of TiO2 during sintering and
acted as grain growth inhibitor. .The presence of phosphorus affected grain boundary
properties of TiO2 and suppressed the interfacial polarization that was observed in
samples without phosphorus. Breakdown strength as high as 1400kV/cm was achieved,
indicating a potential energy density of 14 J/cm3 in phosphorous doped TiO2.
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Figures

Fig.1. Sedimentation density as a function of time for 5vol% TiO2 xylene/ethanol
suspension with or without dispersant.
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Fig. 2. Viscosity as a function of shear rate of TiO2 suspension in various types of
solvents (the insert is plotted in log-log scale).
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Fig. 3. Viscosity as a function of shear rate of TiO2 suspension in xylene/ethanol with PE
or KD-1 as dispersants.
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Fig. 4. SEM micrographs of the TiO2 green tape surfaces using (a) KD1; (b) KD1+PE; (c)
PE as dispersant.
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Fig. 5. SEM micrographs of the TiO2 tape surfaces after binder removal using (a) KD1;
(b) KD1+PE; (c) PE as dispersant.
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Fig. 6. Microstructure of TiO2 film surfaces sintered at 1000oC for 6h using (a) KD1; (b)
KD1+PE; (c) PE as dispersant.
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Fig. 7. Fracture surfaces of the TiO2 film sintered at 1000oC for 6h using (a) KD1; (b)
KD1+PE; (c) PE as dispersant.
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Fig. 8. (a) Dielectric constant and (b) dielectric loss of TiO2 films sintered at 1000oC
for 6h.
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Fig. 9. Dielectric constant, dielectric loss factor and loss tangent as a function of
frequency for KD1 films.
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Fig. 10. Impedance response of undoped and PE doped TiO2 measured at 500oC (open
symbols were experimental data and solid lines are the fitting results).
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Fig. 11. Polarization-electric field relationship of the TiO2 films sintered at 1000oC for 6h.
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Tables:

Table Ⅰ
Properties of TiO2 starting powders.
Characteristics

Value

Purity (%)

99.9

Average particle size (nm)

40

Specific surface area (m2/g)

38

True density (g/cm3)

3.95

Crystal phase

80% anatase and 20% rutile
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Table Ⅱ
Raw chemicals and suppliers.
Functions

Chemicals

Supplier

Solvent

m-Xylene >99.0% (xylene)

Sigma-Aldrich

Toluene anhydrous 99.8%

Sigma-Aldrich

Methyl Ethyl Ketone >99.0%

Sigma-Aldrich

(MEK)
Ethanol anhydrous 99.5+%

Sigma-Aldrich

(ethanol)
Dispersant

Phosphate ester, Emphos PS-21A

Witco Chemicals

(PE)
Polyester/polyamide copolymer

Tape Casting Warehouse

(KD-1)
Binder

Polyvinyl Butyral (PVB-79)

Tape Casting Warehouse

Plasticizer

Dioctyl phthalate 99.0% (DOP)

Sigma-Aldrich
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Table Ⅲ
Electrical and dielectric properties of TiO2 films sintered at 1000oC for 6h.
Conductivity

BDS

Dielectric

(S/cm)

(kV/cm)

constant

Loss tangent
1k Hz

10k Hz

100k Hz

(1kHz)
KD1

2.33E-13

743

128

0.132

0.028

0.006

KD1+PE

1.27E-13

1402

108

0.005

0.002

0.001

PE

8.05E-14

1230

109

0.004

0.003

0.001
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5. BaTiO3-SrTiO3 LAYERED DIELECTRICS FOR ENERGY STORAGE

Sheng Chao and Fatih Dogan
Department of Materials Science and Engineering,
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Abstract

BaTiO3-SrTiO3 (BST) thick films (~250-390 μm) with layered structures were fabricated
by tape-casting and lamination process. Layered composites with various Ba/Sr ratios
were obtained by lamination of BaTiO3 (BT) and SrTiO3 (ST) tapes in different spatial
configurations (2-2). As-prepared BST ceramics showed much improved sinterability
over the laminates of pure BT or pure ST tapes. Dielectric properties of materials were
measured in the temperature range of 25oC to 200oC. The method of utilizing of layered
structures offered flexibility to maximize the energy storage capability at specific
operating conditions: (temperature and electric field) by tailoring the dielectric properties
through varying the spatial configurations of BT and ST films.

Keywords: BaTiO3, SrTiO3, Dielectric properties, Energy storage

1. Introduction

Ba1-xSrxTiO3 (BST) ceramics are widely studied ferroelectric materials with tunable
ferroelectric to paraelectric transition temperature by varying of Ba/Sr ratios. BST is a
continuous solid solution of BT and ST over the entire range of concentrations [1]. Due
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to its high dielectric constant (K), low dielectric loss and high tunability, BST has been
extensively investigated for its potential applications including capacitors, sensors, phase
shifters, and dynamic random access memories [2-4].
Most of the BST related studies were focused on either bulk ceramics or thin films.
For bulk ceramics, a solid state reaction process was commonly adopted by using of
BaCO3, SrCO3, TiO2 as starting materials [5,6]. For fabrication of thin films, various
techniques such as radio frequency magnetron sputtering [4] or chemical solution
deposition methods, including sol-gel method [7, 8] have been used. Functionally graded
BST ceramics with a series of Ba/Sr ratios were investigated [9, 10], in order to further
lower the temperature coefficient and to broaden the maximum of the dielectric constant.
BST ceramics were considered for application in energy storage capacitors [11], as
the energy density of dielectrics is mainly determined by its permittivity and dielectric
breakdown strength (BDS). The energy density of dielectrics is given by the following
equation:
J = ε 0 ∫ ε r ( E ) EdE

(1)

where J is the energy density (J/cm3), ε0 is the permittivity of free space (8.85×10-12 F/m),
εr(E) is the electric field dependent dielectric constant and E is the electric filed (V/m). It
has been demonstrated that the energy density of ferroelectrics can be optimized if their
properties (spontaneous polarization, Curie temperature and BDS) are known [12]. In the
present study, BST ceramics were fabricated by lamination of individual BT and ST tapes
to form a 2-2 composite configuration. Dielectric properties of composites were
characterized with an emphasis on the energy storage capability.
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2. Experimental procedure

BT and ST thick films were prepared by tape-casting method. Tape casting slurries
were prepared by using of Methyl ethyl ketene/Toluene (1:1 volume ratio, Sigma
Aldrich), polyvinyl butyl (PVB-79, Tape Casting Warehouse) and benzyl butyl phthalate
(Sigma Aldrich) as binary solvent, binder and plasticizer, respectively. High purity
(>99.9%) BT and ST powders ~200nm (TPL, Inc.) were first dispersed in the solvent by
adding of KD-1 (Polyester/polyamide copolymer, Tape Casting Warehouse) as dispersant.
After adding of binder and plasticizer, the slurry was ball milled for 24 hrs. After casting
on Mylar substrates, BST layered structures were fabricated by lamination of BT and ST
green tapes in various configurations as shown in Fig. 1. The tapes were laminated first
isostatically at 180 MPa at room temperature, followed by hot pressing at 85oC under an
applied pressure of 40MPa. Binder removal process of the tapes was conducted at 500oC
for 1h, followed by sintering at 1300oC for 1h in ambient air.
Microstructural development of sintered films was observed by scanning electron
microscopy (SEM, Hitachi S-4700) techniques. The samples were electroded with silver
paste for measurement of dielectric properties. Dielectric constant and loss tangent were
measured with a Solartron 1260 impedance analyzer connected with a Solartron 1296
dielectric interface using an a.c. voltage of 1V at 1k Hz. Polarization-electric filed (P-E)
relationships were measured with a ferroelectric testing system (RT6000, Radiant
Technology). BDS measurements were conducted under D.C. bias by using a high
voltage generator (Spellman SL30).
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3. Results and discussion

Fracture surface of BST laminates are shown in Fig. 2. It was found that the BST
laminates containing both BT and ST tapes showed better sintering behavior (~20% more
shrinkage in thickness direction) than laminates composed of BT or ST tapes. Nearly full
density was achieved in BST laminates with BT and ST alternating layers, while BT and
ST dielectrics showed residual porosity.
Dielectric constant and loss tangent of BST laminates were measured from 25oC to
200oC (Fig. 3). For BT laminates at Tc ~130oC, a sharp peak of dielectric constant was
observed, which is typical for BT materials. With the increase of Sr content, peak of
dielectric constant become sluggish. It was reported that the Tc decreases to near room
temperature for Ba1-xSrxTiO3 ceramics with x=0.30 [10]. In the present study, laminates
of BT: ST 6:2 with an overall composition of Ba0.72Sr0.28TiO3 did not exhibit this
behavior, indicating the presence of a compositional gradient. With the increase of Sr
content, the dielectric constant of the laminates gradually decreases from K:~3800 for
BT:ST 6:2 to K:~290 for ST 6 at room temperature . The temperature coefficient
capacitance (TCC) was calculated, which is a measure of temperature stability of
capacitance:
TCC =

k (T oC ) − k (25o C )
k (25o C )

(2)

where k(T°C) is the dielectric constant at a given temperature and k(25°C) is the
dielectric constant at 25°C. In Ba-rich (from BT 6 to BT: ST 3:2) BST laminates, except
for BT 6, all samples have nearly the same maximum TCC values at ~75% within the
temperature range measured. In Sr-rich BST laminates (from BT: ST 5:5 to ST 6),
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maximum TCC values decrease from ~72% for BT:ST 5:5 to ~30% for ST 6. The
variation of TCC observed in this study is much lower than that of BST ceramics with
fixed Ba/Sr ratio, i.e., BST without a compositional gradient. For instance, it was
reported that for BST with Ba/Sr=1:1, TCC changed ~300% within the temperature range
from 25oC to 175oC [1]. Less variation of capacitance is beneficiary for operation of
capacitor in a wider temperature range, and this is attributed to graded compositions of
BST laminates as a result of inter-diffusion of BT and ST during sintering.
Loss tangent of the laminates showed a strong dependence on compositions. Both
pure BT and pure ST laminates exhibited relatively high losses. It can be seen that with
the increase of Sr content, the loss tangent increases particularly at higher temperatures.
A similar trend was observed in the study of BST ceramics of homogeneous composition
with a series of Ba/Sr ratios, which was attributed to disordered and more mobile Sr ions
[13]. However, laminates with composition of BT:ST 6:2, BT:ST 4:2 and BT:ST 3:2
demonstrated lower dielectric loss (~1%- 2%), in comparison with BST of similar but
homogeneous compositions [5, 13].
P-E relationships were measured at room temperature as shown in Fig. 4. The energy
storage capability of the dielectrics can be directly illustrated by their P-E relationships,
as depicted in the insert of Fig. 4 (a). The shaded area represents retractable energy
density upon discharge, while the area within the charge and discharge curve is attributed
to the energy loss. For most applications, a high polarization is required while a narrow
P-E hysteresis loop is desired to minimize the loss.
BST laminates in Ba-rich compositions demonstrated the characteristics of
ferroelectric materials (Fig. 4a). With the increase of Sr content, both saturation
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polarization and remanent polarization decreases. The P-E relationship of BST laminates
in Sr-rich compositions (Fig. 4b) showed linear characteristics, indicating that they are in
paraelectric states. Thus, it was demonstrated that by employing of layered structures,
various P-E relationships can be obtained by compositional and/or structural design.
Consequently, the energy storage capability of the dielectrics can also be tailored to meet
the needs of specific applications.
The energy density was calculated by integration of the area within the discharge
curve and polarization axis. Since the thicknesses of the samples are not identical (due to
different number of layers), the energy densities summarized in Table 1 are the values at
the maximum electric field applied, except for the sample BT 6 which was measured near
its BDS. It was observed that BST laminates (BT:ST 6:2 and BT:ST 4:2) with a narrow
P-E curve and relatively high polarizations, demonstrated better energy storage capability.
BDS of the BST laminates increases with the increase of Sr content (Table 1). The BDS
value of the samples BT 6 and ST 6 are comparable to data reported in the literature, such
as ~85kV/cm for BT ceramics [14] and ~ 414 kV/cm for ST single crystal [15]. Higher
energy density is attainable if P-E measurements are conducted at higher fields; however,
in present study the output voltage was limited to 4 kV due to the limitation of the power
supply. In addition, it should be mentioned that much higher BDS and consequently
much higher energy density can be expected if the sample thickness could be reduced, as
BDS has a strong dependence on the dielectric thickness.
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4. Summary

BST thick films with a compositional gradient were fabricated by a tape-casting and
lamination process. Dielectric properties such as dielectric constant maximum, loss
tangent, TCC and P-E relationships of the composites were tailored by varying of spatial
configuration of BT and ST layers. Higher sintering densities were achieved in layered
BST ceramics prepared with a compositional gradient in comparison to BST with a
homogeneous chemical composition. Consequently, the dielectric properties and energy
storage capability of layered BST composites can be tailored for specific capacitor
applications.
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Figures

Fig. 1. Spatial configuration of BST laminates.
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Fig. 2. Microstructure of the fracture surface of BST laminates: (a) BT 6,
(b) BT:ST 5:5 and (c) ST 6.
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Fig. 3. Dielectric constant (a) and loss tangent (b) of BST laminates measured at
various temperatures.

157

Fig. 4. P-E relationship of BTS laminates in (a) Ba-rich composition and (b) Sr-rich
composition measured at room temperature.
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Tables

Table 1. Energy densities calculated from P-E curves based on the applied electrical field
and breakdown strength (BDS) of BST laminates at room temperature

Sample thickness

Energy density (J/cm3) @ electric field

BDS

(μm)

(kV/cm)

(kV/cm)

BT 6

310

0.31 @ 62

97±21

BT:ST

330

0.65 @ 119

190±93

250

1.16 @ 157

218±86

390

0.47 @ 101

233±92

350

0.30 @ 112

275±74

320

0.25 @ 123

353±65

Samples

6:2
BT:ST
4:2
BT:ST
5:5
BT:ST
2:6
ST 6

159

APPENDIX 1

EFFECTS OF DONOR DOPING ON THE DIDLECTRIC PROPERTIES OF
TITANIUM DIOXIDE CERAMICS

160
1. Research background

In the main body of the thesis it was discussed that due to the presence of acceptor
type of impurities or dopants, space charge polarization would take place as electricconduction blocking grain boundaries were formed due to the creation of negatively
charge defects at grain boundary core. During the study of TiO2 thick films fabricated by
tape casting method, it was found that with presence of residual phosphorus, the space
charge polarization process was completely removed and only one semi-circle
representing the bulk grain response can be observed. This observation indicates that with
the introducing of donor type impurities/dopants, charge neutralization may take place
according to the following defects reaction:
Null = DTi• + ATi'

(1)

here D·Ti represents the defect created by donor doping with one positive charge, while
A’Ti represents the defect created by acceptor doping with one negative charge. By
eliminating the influence of space charge, dielectric loss was substantially reduced and
the BDS was greatly enhanced, both of which are important for the improvement of the
energy storage capability. Hence, it is worthwhile to do a systematic investigation on the
influence of donor doping on the dielectric properties of TiO2 ceramics.

2. Sample preparation

TiO2 powders obtained from Nanophase Technologies Corporation were used as
undoped baseline materials. Two type of donor dopants Phosphorus (P) and Vanadium
(V) were introduced. For P doping, phosphate ester was used as P source. Appropriate
amount of phase ester was added into the TiO2 powders and ball milled in 2-proponal
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solution for 12hrs. Drying was conducted under constant stirring on a hot plate. After
crushing, TiO2 powders with a series of P doping levels were obtained. For V doping,
vanadium isopropoxide was used as V source. Powder preparation method was similar to
that of P doped TiO2 powders. Pellets for electrical property measurements were
fabricated in the same way as described in papers listed in the main body of the thesis.
Sintering of the pellets was performed in a series of temperatures from 800oC to 1000oC
for 2hrs in oxygen atmosphere. Dielectric properties were measured at various
temperatures using the same equipments and methods described in the papers listed in the
main body of the thesis.

3. Results and discussion

Since it was found that the presence of P can retard the sintering process. P doped
TiO2 ceramics were sintered from 850oC to 1000oC for 2hrs, in order to find out the
suitable densification temperature. A plot showing the relationship between sintering
temperature and relative density is given in Fig. 1. It can be seen that generally the
higher the doping concentration is, the lower the density would be at the same sintering
temperature. This phenomenon was attributed to the solute drag mechanism that reduced
the mobility of the grain boundaries. This study showed that for P doped samples, a
densification temperature of 950oC or higher is necessary. Fig. 2 shows the SEM images
of undoped and P doped TiO2 ceramics sintered at 950oC for 2hrs. A grain size
refinement in P doped TiO2 ceramics was evident. Again, this phenomenon was ascribed
to the solute drag mechanism due to the presence of P elements at grain boundaries.
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Unlike P doped samples, V doping did not have a substantial influence on the
sinterability and grain size of TiO2 ceramics, as shown in Fig. 3. Hence, if V doping can
affect the dielectric properties of TiO2 the same way as P doping, it would be a preferred
donor dopants as densification can be completed at lower temperatures.
The dielectric constant and loss tangent of undoped and P or V doped samples (at
their individual optimum doping levels) sintered at 1000oC for 2hrs are shown in Fig. 4.
It was observed that both P and V doping can effectively remove the space charge
polarization taking place at ~10Hz, resulting in significantly lowered dielectric loss. Even
at 200oC, the dielectric loss of P or V doped samples was reduced to <2% at 1k Hz (Table
1), which is critically important for high temperature applications.
Impedance measurements were conducted to differentiate the individual response
of bulk grain and grain boundary. One example is given in Fig. 5 showing distinctive
differences between undoped and P or V doped samples. For undoped sample, two semicircles representing bulk grain and grain boundary response, respectively can be clearly
seen. However, for P or V doped samples, one big semi-circle attributed to the bulk grain
effect dominates the impedance spectra. This difference indicates that by introducing of P
or V as dopants, the originally heterogeneous microstructure becomes uniform. Charge
neutralization among negatively charged and positively charged defects is believed to be
the cause of this change, which can be described by equation (1).
Polarization-electric field relationships were measured at room temperature
(Fig. 6) and 200oC (Fig. 7). It was observed that at room temperature, all samples
demonstrated almost ideal linear P-E relationships. Overlapped charge and discharge
curves indicate that near 100% energy storage efficiency can be achieved. However, at
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200oC, undoped sample starts to show energy losses which is represented by the area
encircled by the charge and discharge curve. Energy storage efficiency reduced to 82.8%
for undoped TiO2 at 200oC. On the contrary, good linear P-E relationships were
maintained in P or V doped samples, with much higher energy storage efficiency of
96.4% and 94.8% for P doped and V doped sample, respectively. Therefore, it can be
seen that both P and V doping can effectively improve the energy storage capability of
TiO2 ceramics at elevated temperatures.

4. Summary

Donor doping of P or V can neutralize the negatively charged defects at grain
boundary cores caused by segregation of acceptor type of impurities in the starting
powders. As a result, the microstructure of P or V doped TiO2 become homogeneous, and
the phenomenon of space charge was eliminated. The dielectric loss was significantly
reduced while the energy storage capability was greatly enhanced particularly at elevated
temperatures, when P or V was introduced as donor dopants.
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Figures

Fig.1. Relative density as a function of sintering temperatures of undoped and P doped
TiO2 ceramics.
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Fig. 2. SEM images of the surfaces of (a) undoped TiO2; (b) P 0.02 at% doped TiO2;
(c) P 0.05 at% doped TiO2 and (d) P 0.10 at% doped TiO2 sintered at 950oC for 2hrs.
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Fig. 3. SEM images of fracture surfaces of (a) undoped TiO2; (b) V 0.05 at% doped
TiO2 and (c) V 0.10 at% doped TiO2 sintered at 800oC for 2hrs.
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Fig. 4. (a) Dielectric constant (room temperature); (b) loss tangent (room temperature)
and (c) loss tangent (200oC) of undoped and P or V doped TiO2 ceramics sintered at
1000oC for 2hrs.
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Fig. 5. Complex impedance spectra of undoped and P or V doped TiO2
ceramics measured at 550oC.
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(a)

(b)

(c)

Fig. 6. Room temperature polarization vs. electric field relationships of (a) undoped; (b)
P doped and (c) V doped TiO2 ceramics sintered at designated conditions.
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(a)

(b)

(c)

Fig. 7. Polarization vs. electric field relationships of (a) undoped; (b) P doped and (c) V
doped TiO2 ceramics sintered at designated conditions measured at 200oC.
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Tables

Table.1 Loss tangent of undoped and P or V doped TiO2 measured at 25oC and 200oC
Samples

tgδ @ 25oC 1k Hz

tgδ @ 200oC 1k Hz

Undoped

4.88%

39.60%

P 0.10at%

0.02%

1.58%

V 0.05at%

0.02%

0.67%
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APPENDIX 2
PROCESSING AND CHARACTERIZATION OF HYDROTHERMAL BaTiO3
FILMS ON STAINLESS STEEL
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1. Sample Fabrication

Stainless steel was used as substrates, onto which poly(dibutyltitanate) (Gelest
Inc.) diluted with 1-Butanol (Fisher Scientific) was spin coated at 2500 rpm for 30
seconds. A second layer was spin coated after baking at 95oC. Then the bi-layer precursor
was pyrolyzed at 500oC for 1h in air. 0.5M, 1 M and 2M aqueous solution of Ba(OH)2
was prepared by adding appropriate amount of Ba(OH)2•8H2O (Alfa Aesar) to pre-boiled
D.I. water. Pyrolyzed film was placed in a horizontal position in a polyethylene bottle
containing 20ml of as-prepared Ba(OH)2 solution and sealed instantly. Reaction took
place at 90oC for a duration time ranging from 4-24 hours. After reaction, films were
removed and rinsed with boiled D. I. water and dried at 150oC. Some of the films were
also heated at 500oC for various times.

2. Characterization

Phase analysis of the films was performed by using X-ray diffraction (XRD,
Philips X-Pert). Film morphology and roughness were examined by Scanning Electron
Microscopy (SEM, Hitachi S-4700) and Atomic Force Microscopy (AFM, NanoScope
IIIa). X-ray Photoelectron (XPS, Kratos Axis 165) and Auger Electron Spectroscopy
(AES, Physical electronics 545) analysis were also performed to study the surface
chemistry and element depth profile of the film.

3. Microstructure Development
3.1 Effect of Ba(OH)2 Concentration

SEM micrographs of BaTiO3 films synthesized using 0.5M, 1.0M and 2.0M
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Ba(OH)2 solutions for 6hrs are shown at Fig. 1. It can be seen that all films were
composed of uniform size of grains about 20nm, independent of the Ba(OH)2 solution
concentration. Previously, it was found that increasing the Ba(OH)2 concentration may
cause a decrease in grain size [1]. However, there is little effect of Ba(OH)2 concentration
on grain size in this study, which could be contributed to low processing temperature and
short processing times as the grains have not enough thermal energy and time to grow.
Fig. 2 shows the XRD pattern of the BaTiO3 films synthesized in 2.0M Ba(OH)2 solution
for 12hrs. Peaks of both BaTiO3 (PDF 05-0602) and stainless steel (PDF 33-0397) are
detected. Generally, hydrothermal synthesis at <240°C leads to formation of cubic
BaTiO3, with a particle size of <100nm [2]. However, in this study BaTiO3 peaks show
little characteristics of tetragonal phase (peak splitting at 2θ ~45o) even though the
particle size is only around 20nm. Since XRD along may not be convincing enough to
prove the presence of tetragonal phase, other characterization techniques are need to
confirm the crystal structure of as-synthesized BaTiO3 films.

3.2 Effect of Reaction Time

Fig. 3 shows the SEM micrographs of the BaTiO3 films synthesized at different
reaction times. Films processed in 1.0M Ba(OH)2 for 4hrs failed to form a complete
coverage of the substrate (Fig. 2(a)). After 12hrs’ reaction, the substrate was completely
covered by BaTiO3 particles (Fig. 2(b)). Dark regions between the grains are thinner
sections of the film, which are revealed by AFM image (Fig. 4). Increasing the Ba(OH)2
concentration to 2.0M led to the formation of denser films (Fig. 2(c)). According to the
film morphology it seems that nucleation starts first at certain sites of the substrate, then
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the entire surface of the substrate was slowly covered. Film formation was facilitated by
increasing the Ba(OH)2 concentration and the processing time.

4. Chemical Characterizations
4.1 XPS Surface Analysis

XPS survey in the 0-1000eV binding energy range for the BaTiO3 film treated in
2M Ba(OH)2 solution for 8hrs showed surface carbon contamination, which disappeared
after the Ar ion sputtering. The O 1 s peak shown in Fig. 5 (a) can be splitted into two
peaks after fitting. The main peak located at 529.0eV is attributed to oxygen presented in
BaTiO3 while the small peak at 530.7eV is believed to be associated with oxygen in
hydroxyl (OH-) groups. This result is in good agreement with literature [3]. Hydroxyl
groups are commonly observed in powders or films fabricated by hydrothermal
techniques, which is one of the major drawbacks of this technique since the presence of
these hydroxyl groups are believed to be detrimental to dielectric properties [4]. Heat
treatment is helpful to remove absorbed hydroxyl groups, as evidenced by Fig. 5 (b). It
can be seen that after 500oC 1h heat treatment in air, the shoulder of O 1S peak becomes
smaller. It is possible that residual hydroxyl groups presenting in the lattice of BaTiO3,
and heat treatment at higher temperature is necessary to remove them.

4.2 AES Depth Profile

An AES depth profile of BaTiO3 film treated in 2M Ba(OH)2 solution for 24hrs is
shown in Fig. 6. Near the surface, the carbon signal was very strong then it decreased
sharply at a distance about 15nm inside the film. BaCO3, which is easily formed in air,

176
may be the source of the strong carbon signal. Good correlation between Ba, Ti, and O
signals indicates stoichiometric or near stoichiometric BaTiO3 films. A diffusion region
about 100nm in depth, in which Ba, O, Ti signals decreases sharply while Fe, Cr, Ni
signals increase significantly, is revealed. About 2 at% of Fe diffused into the BaTiO3
films, which may lead to a Fe doping effects since Fe ions could occupy the Ti sites [5].
From the AES analysis, the estimated film thickness is about 200 nm which corresponds
well to the SEM cross-section observation. In this study, the film thickness can be
controlled by the thickness of Ti precursor films, as it is the only Ti source.

5. Conclusions

BaTiO3 films were synthesized on stainless steel substrates at 90oC under
atmospheric pressure. SEM and AFM analysis revealed that the films are composed of
nanosized grains (~20nm) which may have a tetragonal crystal structure according to the
XRD results. Higher concentration of Ba(OH)2 solution and longer reaction times
promote the formation of the films. Heat treatment of the films results in reduction of
hydroxyl groups.
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Figures:

(a)

(b)

(c)

Fig.1. SEM micrographs of BaTiO3 films synthesized in (a) 0.5M Ba(OH)2; (b) 1.0M
Ba(OH)2; (c) 2.0M Ba(OH)2 at 90oC for 6hrs

179

Fig.2. XRD pattern of BaTiO3 films synthesized in 2.0M Ba(OH)2 solution
at 90oC for 12hrs.
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(a)

(b)

(c)

Fig.3. SEM micrographs of BaTiO3 films synthesized by (a) 1.0M Ba(OH)2 for 4hrs; (b)
1.0M Ba(OH)2 for 12 hrs; (c) 2.0M Ba(OH)2 for 12hrs.
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Fig.4. AFM image of BaTiO3 films synthesized in 1.0M Ba(OH)2 for 12hrs
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(a)

(b)

Fig. 5. XPS spectra of (a) O1 S peak in BaTiO3 film treated in 2M Ba(OH)2 solution for
8hrs; (b) O1 S peak in BaTiO3 film treated in 2M Ba(OH)2 solution for 8hr before and
after heat treatment.
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Fig. 6. AES depth profile of BaTiO3 films treated in 2M Ba(OH)2 solution for 24hrs
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APPENDIX 3
SYNTHESIS AND SINTERING OF NANO STRUCTURED HIGH PURITY
TITANIUM DIOXIDE CERAMICS
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1. Sample Preparation

High purity nanosized TiO2 powders were prepared by precipitation of Ti(IV)isopropoxide followed by freeze-drying of the precipitates. 50ml Ti(IV)-isopropoxide
(Ti[OCH(CH3)2]4 99.995%, Alfa-Aesar) was added into 1L deionized water under
constant stirring. The precipitate was mixed with 1L of 2-Propanol (99.5% Alfa-Aesar)
and ultrasonicated (SONICS, Vibra-Cell, Newtown, CT, USA) for 1 minute to
deflocculate the hydroxides. Gel-like precipitates were freeze-dried (Genesis SQ Freeze
Dryers, Winchester, Hampshire,UK) at -25oC under vacuum for 72hrs. Fluffy precursor
powders were calcined at various temperatures (400oC, 500oC, 600oC and 700oC) for 1h
with a heating and cooling rate of 2oC/min and 5oC/min, respectively. The crystallinity
and phase composition of the calcined powders were determined by X-ray diffraction
(XRD, Philips X’Pert, Holland). The size and morphology of powder were observed by
Scanning Electron Microscopy (SEM, Hitachi S-4700, Japan). Pellets were prepared by
uniaxial pressing at 50MPa followed by iso-static pressing at 300MPa using powders
calcined at 400oC and 700oC. Commercially available TiO2 powders (99.9%, Sigma
Aldrich) were also pressed into pellets following the same procedure. Sintering was
performed at 900oC, 950oC and 1000oC for 2hrs in oxygen atmosphere with a heating rate
of 4oC/min.

2. Phase Evolution of TiO2 Powders

Hydrolysis of the Ti(IV)-isopropoxide resulted in formation of titanium
hydroxide precipitates. XRD analysis (Fig. 1) reveals that there is no crystalline phase
(absence of diffraction peaks) in as-prepared powders. Well-crystallized anatase TiO2
were obtained by calcination at temperature as low as 400oC. Further increase the
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calcination temperature leads to sharper diffraction peaks, indicating higher degree of
crystallinity and larger crystallite size. At 700oC, a small amount (~9%) of rutile phase
was identified. This anatase to rutile phase transition temperature is lower than
commonly observed temperature around 915oC [1], which may be attributed to the
difference in particle size of hydroxide precursors. The temperature of phase
transformation was found to be lowered in nanosized powders [2]. The commercial
powders were found to be a mix of anatase phase and rutile phase, with an average
crystalline size close to that of the powders calcined at 700oC. The phase and the
crystallite size of the powders determined by XRD are summarized in Table 1.

3. Sintering of the TiO2 powders

The morphology of powders, observed by SEM, is shown in Figure 2. It is
revealed that at calcination temperatures below 600oC, the average particle size of
powders is similar, which is in good agreements with the XRD results. After calcination
at 600oC, particles of the size ~20nm form a certain degree of agglomeration. It is
apparent that partial sintering (neck formation) occurred between the particles for
powders calcined at 700oC. It was noticed that the particle size and shape of powders are
very uniform at all calcination temperatures. The powder morphology of the commercial
powders looks similar to that of the powder calcined at 600oC, while some larger
agglomerates appear to be present in commercial powders.
Selected samples (powders calcined at 400oC and 700oC as well as commercial
powders) were sintered at 900oC, 950oC and 1000oC. The sintering of the samples was
carried out in oxygen atmosphere to prevent the formation of oxygen vacancies which
could significantly affect the dielectric properties of TiO2. Figure 3 shows the
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relationship between relative density and sintering temperature of the samples. The firing
density of TiO2 prepared in this work is significantly higher than that of the samples
prepared using commercial powders. After sintering at 1000oC, the density of the samples
from precipitated powders is near 98%, whereas the density of the samples from
commercial powder is about 92%. This may be attributed to the difference in the
crystalline phase of these powders as 400oC calcined powders are pure anatase; powders
calcined at 700oC have 91% of anatase phase, while commercial powders have only 49%
anatase phase. It was found that the densification process of TiO2 can be assisted by the
anatase to rutile phase transition [3]. Therefore, powders with higher fraction of anatase
phase sintered better at lower temperatures.
SEM images of the as-fired surfaces of the TiO2 ceramics sintered at different
temperatures are shown in Fig. 4-6. It was observed that as the sintering density gradually
increases from 900oC to 1000oC, there is no significant grain growth within this
temperature range. In addition, there is no obvious difference in grain size of the samples
prepared from powders calcined at 400oC and 700oC. It should be mentioned that the
radial shrinkage of the sample made of 400oC calcined powder is 8.5% larger than that of
the sample prepared from 700oC calcined powders due to the differences in their green
densities

4. Conclusions

High purity TiO2 nanopowders were synthesized by precipitation method using
Ti(IV)-isopropoxide as starting compound. Well-crystallized powders with a crystallite
size of 10nm were obtained by calcination at temperatures as low as 400oC. The anatase
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to rutile phase transition temperature was lowered to about 700oC, due to very small
particle size of powders. The sinterability of the powders with higher amount of anatase
phase than rutile was improved in that the densification process may have been assisted
by the anatase to rutile phase transition.
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Figures

Figure 1. XRD pattern of the TiO2 powders.
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Figure 2. SEM images of the TiO2 powders (a) as-dried; (b) calcined at 400oC; (c)
calcined at 500oC; (d) calcined at 600oC; (e) calcined at 700oC;
(f) commercial powder (bar scale:500nm).
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Figure 3. Relative density vs. sintering temperature of TiO2 ceramics.
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Figure 4. SEM images of the surfaces of TiO2 ceramics sintered at 900oC for 2hrs (a)
400oC calcined powders; (b) 700oC calcined powders; (c) commercial powders
(scale bar: 1μm).
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Figure 5. SEM images of the surfaces of TiO2 ceramics sintered at 950oC for 2hrs (a)
400oC calcined powders; (b) 700oC calcined powders; (c) commercial powders
(scale bar: 1μm).
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Figure 6. SEM images of the surfaces of TiO2 ceramics sintered at 1000oC for 2hrs (a)
400oC calcined powders; (b) 700oC calcined powders; (c) commercial powders
(scale bar: 1μm).
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Tables

Table 1. Crystalline phases and the crystallite size of TiO2 powders determined by XRD
Calcination Temperature

Phase

Crystalline size (nm)

400oC

Anatase

9.7±3

500oC

Anatase

11.8±5

600oC

Anatase

15.7±4

700oC

Anatase:Rutile (91:9)

21.3±5

Commercial powders

Anatase:Rutile (49:51)

17.5±5 (A), 26.9±9 (R)
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SECTION

3. FUTURE WORK

Based on the research discussed in the present work, further investigation in the
following areas may lead to better understanding and improved energy storage capability
of ceramic dielectrics.
1.

High resolution transmission electron microscopy (HRTEM) study and chemical
analysis of the microstructure of TiO2 ceramics. Detailed observation and analysis
of the defect structure and grain boundaries are of great importance to understand
different dielectric response of TiO2 ceramics processed under various conditions
and with various impurities and/or dopants.

2. Study of linear dielectrics with high temperature stability and dielectrics with high
dielectric constant. In the present study, dielectric properties of TiO2 ceramics
were investigated up to 200oC. However, due to greatly enhanced electrical
conductivity, TiO2 ceramics may not be suitable for applications at temperatures
higher than 200oC. Other linear dielectrics such as CaZrO3 may be suitable for
high temperature applications. A systematic study of such linear dielectrics may
lead t development of high energy density capacitors with excellent temperature
stability and reliability in harsh environments. High energy density achieved in
linear dielectrics is mainly depends on high electric fields applied. Due to
catastrophic failure mode of ceramic dielectrics in practical applications, the
operating field has to be very conservative, which would lead to much lower
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energy densities than that of maximum achievable. For dielectrics with high
dielectric constant, their energy density has lower dependence on electric field so
that high energy density can be achieved at relatively lower electric field. Thus,
energy storage capability of ferroelectrics, antiferroelectrics and relaxors is worth
of further investigations.
3. Dielectric breakdown mechanism. Fundamental understanding of the mechanisms
of dielectric breakdown is of great importance to improve breakdown strength of
dielectrics. Most theoretical studies on dielectric breakdown phenomenon were
conducted in the 1950’s and 1960’s, however, mechanisms of dielectric
breakdown in ceramics is still not fully understood. The design of dielectric
materials with much improved breakdown strength would rely on the fundamental
understanding of the breakdown phenomenon.
4. Design of capacitor configurations: It is well known that dielectric breakdown
normally occurs at the edge of dielectric/electrode material interface due to field
enhancement. This problem severely limit the operating voltage of the capacitors,
resulting in much lower energy density than the dielectric material itself may have.
Since the intensity of field enhancement is related to the electrode material as well
as the geometric configuration of the dielectric/electrode interface, improved
energy density could be achieved through design of capacitors.

198
VITA

Sheng Chao was born on September 15, 1979 in Suzhou, Jiangsu Province,
China. He received his pre-college education at Suzhou No. 16 middle school and
Suzhou No. 10 high school. In September 1998, he started his undergraduate education in
School of Materials Science and Engineering at Hefei University of Technology (Hefei,
China). In 2002, he graduated with honor with B.S. degree. Sheng continued his graduate
study in Hefei University of Technology and received his Master’s degree in Materials
Science in 2005.
Followed by his dream of studying abroad, Sheng started his Ph.D. study in 2005
under the supervision of Dr. Fatih Dogan at University of Missouri-Rolla (former name
of Missouri University of Science and Technology). His doctoral work was focused on
the development of ceramic dielectrics for high energy density capacitor application.

